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resumo 
 
 
O principal objetivo deste trabalho é o desenvolvimento e processamento de 
novos materiais cerâmicos protónicos e iónicos para utilizar como eletrólito das 
células de combustível de óxidos sólidos (PCFCs e SOFCs, respetivamente). 
Com este estudo pretende-se, então, desenvolver novas formas de 
processamento e/ou materiais que apresentem características eletroquímicas 
atrativas, à base de óxidos cerâmicos nanométricos de pós preparados por 
processos mecanoquímicos. 
Existem alguns requisitos que devem ser tidos em conta de forma a garantir a 
máxima eficiência das PCFCs, destacando-se a elevada condutividade 
protónica do eletrólito aquando da operação numa gama de temperaturas 
intermédias, 500-700ºC. Os materiais do tipo “perovskite” foram apresentados 
como potenciais candidatos a incorporar o eletrólito das PCFCs, sendo o 
BaZrO3 dopado com 15 mol% de ítrio (BZY) o material base escolhido neste 
trabalho. Apesar da sua conhecida elevada condutividade protónica, estes 
materiais apresentam algumas limitações, tais como a fraca sinterabilidade e 
crescimento de grão. De forma a ultrapassar esta dificuldade, foram 
adicionadas pequenas quantidades de óxidos de zinco, fósforo e boro que 
foram estudados como possíveis aditivos de sinterização. A adição de ZnO 
mostrou melhorias significativas na densificação quando comparado com o 
material não modificado (BZY), permitindo ainda reduzir a temperatura de 
sinterização de 1600ºC para 1300ºC. Neste trabalho estudou-se, também, qual 
o melhor mecanismo de solução sólida para a adição deste aditivo, tendo-se 
obtido a máxima condutividade protónica nos materiais em que o Zn é 
intencionalmente introduzido na composição de base de “perovskite”. O P2O5 
mostrou ser menos efetivo como aditivo de sinterização. A sua presença foi 
bastante prejudicial no crescimento de grão, apesar dos elevados níveis de 
densificação obtidos quando adicionado em quantidades entre 4 e 8 mol%. 
Porém, a utilização de fósforo mostrou também ser dramática no transporte 
elétrico, diminuindo a condutividade não só no interior do grão (“bulk”) como 
nas suas fronteiras. Já a adição de H3BO3 ao BaZrO3 (BZO) mostrou-se muito 
efetiva para a sinterização deste componente. Contudo, quando adicionado ao 
sistema dopado com ítria (BaZr0.85Y0.15O3-, BZY), o comportamento é 
diferente, produzindo níveis deficientes de densificação quando comparado 
com o BZY puro. Este fenómeno ocorre devido à formação de fases 
secundárias de borato de bário, cujas temperaturas de fusão são bastante 
elevadas. 
Na última parte deste trabalho foi estudado um novo material com 
condutividade iónica de iões óxido, o (Ba,Sr)GeO3 dopado com K. Neste 
estudo pretendia-se, não só avaliar a possibilidade de preparar estes pós com 
recurso a processos mecanoquímicos, como também estudar o papel da 
variação do raio iónico do catião metálico alcalino-terroso no transporte iónico, 
homogeneidade composicional e estrutura cristalina. Verificou-se que este 
material apresenta uma alteração significativa na condutividade iónica com o 
aumento da temperatura de operação em ambas as composições (Ba e Sr). 
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abstract 
 
The main objective of this dissertation is the development and processing of 
novel ionic conducting ceramic materials for use as electrolytes in proton or 
oxide-ion conducting solid oxide fuel cells. The research aims to develop new 
processing routes and/or materials offering superior electrochemical behavior, 
based on nanometric ceramic oxide powders prepared by mechanochemical 
processes. 
Protonic ceramic fuel cells (PCFCs) require electrolyte materials with high 
proton conductivity at intermediate temperatures, 500-700ºC, such as reported 
for perovskite zirconate oxides containing alkaline earth metal cations. In the 
current work, BaZrO3 containing 15 mol% of Y (BZY) was chosen as the base 
material for further study. Despite offering high bulk proton conductivity the 
widespread application of this material is limited by its poor sinterability and 
grain growth. Thus, minor additions of oxides of zinc, phosphorous and boron 
were studied as possible sintering additives. The introduction of ZnO can 
produce substantially enhanced densification, compared to the un-doped 
material, lowering the sintering temperature from 1600ºC to 1300ºC. Thus, the 
current work discusses the best solid solution mechanism to accommodate this 
sintering additive. Maximum proton conductivity was shown to be obtained in 
materials where the Zn additive is intentionally adopted into the base perovskite 
composition. P2O5 additions were shown to be less effective as a sintering 
additive. The presence of P2O5 was shown to impair grain growth, despite 
improving densification of BZY for intermediate concentrations in the range 4 – 
8 mol%. Interreaction of BZY with P was also shown to have a highly 
detrimental effect on its electrical transport properties, decreasing both bulk 
and grain boundary conductivities. The densification behavior of H3BO3 added 
BaZrO3 (BZO) shows boron to be a very effective sintering aid. Nonetheless, in 
the yttrium containing analogue, BaZr0.85Y0.15O3- (BZY) the densification 
behavior with boron additives was shown to be less successful, yielding 
impaired levels of densification compared to the plain BZY. This phenomenon 
was shown to be related to the undesirable formation of barium borate 
compositions of high melting temperatures.  
In the last section of the work, the emerging oxide-ion conducting materials, 
(Ba,Sr)GeO3 doped with K, were studied. Work assessed if these materials 
could be formed by mechanochemical process and the role of the ionic radius 
of the alkaline earth metal cation on the crystallographic structure, 
compositional homogeneity and ionic transport. An abrupt jump in oxide-ion 
conductivity was shown on increasing operation temperature in both the Sr and 
Ba analogues. 
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CHAPTER 1.   INTRODUCTION 
Global warming is worsened by the fact that power usage is continuously increasing throughout the 
world and its generation continues to be heavily dominated by the use of fossil fuels. Energy issues 
must, therefore, be one of the main topics of discussion in sustainable development. Some 
potential solutions have been developed in order to get a cleaner energy infrastructure: i) energy 
conservation through improved energy efficiency, ii) reduction in fossil fuel dependence. These 
solutions have lead to an increasing role of environmentally friendly energies sources such as 
water, sun, wind, biomass, geothermal, hydrogen, in the energy mix and the development of more 
efficient technologies for energy conversion, such as fuel cells [1]. 
 
1.1 FUEL CELLS 
Fuel cells are one of the key enabling technologies for a future hydrogen economy and a promising 
substitute for traditional electricity production methods. It is only in the last 20 years that their 
performance has been confirmed by successful operation in both stationary and mobile electrical 
power generation systems, combustion engines, portable extension and micro power, despite the 
fact that the technology was first discovered almost two centuries ago. Although there has been 
some controversy concerning the authorship in the invention of the fuel cell, several literature 
sources point to the conclusion that it was Sir William Robert Grove (1839), who introduced the 
concept of the hydrogen fuel cell. Grove discovered that by immersing two platinum electrodes with 
one end in a solution of sulphuric acid and the other two ends separately sealed in containers of 
oxygen and hydrogen, a constant current was found to be flowing between the electrodes. He also 
noted that sealed containers contained water together with the respective gases and that the water 
level rose in both tubes as the current flowed. The next step was to realize that by combining pairs 
of electrodes connected in series a higher voltage could be produced, thus creating what he called 
a gas battery, i.e. the first fuel cell [1-3]. 
In 1900, scientists and engineers predicted that fuel cells would be common for producing 
electricity and motive power within a few years. Nonetheless, their progression to the market has 
been slow, mainly due to the previous abundance of cheap fossil fuel energy.  
Nowadays fuel cells are starting to become an important component in the energy cycle, due to 
their high conversion efficiencies and the possibility of pollution free electrical power generation. 
Now that oil is scarce, expensive and subject to political vicissitudes, and the Earth is subjected to 
potentially severe environmental damage, fuel cells are becoming a serious and credible option to 
substitute other technologies for the production of electricity [1-3]. 
There are now many manufacturers working on fuel cell applications of very different nature. For 
example, there are many uses of fuel cells with direct application in the automotive sector as 
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aircrafts, ships, trains, buses, cars, motorcycles, trucks and forklifts. There are also vending 
machines, vacuum cleaners machines and traffic signals that operate by fuel cells. At a smaller 
scale, there is also a growing market for fuel cells for mobile phones, laptops and portable electric 
devices. While, at larger scale, there are hospitals, police stations and banks that have stationary 
fuel cell systems for generating electrical power at their facilities. Water treatment plants and waste 
dumps are beginning to use fuel cells to carry out the process of converting the methane gas 
produced for electricity generation. As we can see, the number of different applications of fuel cells 
is very extensive [3]. 
 
1.1.1 ADVANTAGES AND LIMITATIONS OF FUEL CELLS 
An important number of benefits can be associated with these devices, including environmental 
advantages and operating costs. Fuel cells have clean emissions (table 1.1), high efficiency 
(between two or three times more than basic fuel burning generators), high power reliability, multi-
fuel capability (allows fuel selection, hydrogen may be extracted from natural gas, propane, butane, 
methanol and diesel fuel, or these fuels may be reformed internally at the anode), constant power 
production, high durability and ease of maintenance.  As they have a simple design with no moving 
parts fuel cells can also reduce noise (table 1.2). Their waste heat can be recycled and used to 
provide hot water or space heating for a home or office and they offer higher power densities than 
batteries as well as being smaller and lighter and having much longer lifetimes. They also show 
high energy security (due to a reduced dependence on oil) while their high efficiency can reduce 
the energy cost, as shown on table 1.3. Overall, it is expected that fuel cells will play an essential 
role in any future hydrogen fuel economy [1-7]. 
 
Table 1.1 –Fuel cell air emissions benefits from one year of operation [1]. 
Air emissions 
a
 SOx NOx CO Particles Organic compounds CO2 
Fossil fuelled plant 28 000 41 427 28 125 500 468 4 044 000 
Fuel cell 0 0 72 0 0 1 860 000 
a
 Pounds of emissions per 1 650 MWh from one year full operation 
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Table 1.2 – Fuel cell’s sound operation benefits [1]. 
 
Table 1.3 – Comparison of fuel cell with other power generating systems: capacity range, efficiency and 
operating costs [6]. 
 
Despite these advantages, there are some limitations for the progression of fuel cells into the 
market. In their simplest form they use oxygen and hydrogen as the power supply. Thus, one main 
limitation comes from the need to source this hydrogen, to store it and to distribute it safely. 
Although a very large effort is being made to resolve these problems, this work remains in its 
infancy. It should also be noted that hydrogen is currently, mainly produced by the steam reforming 
of methane, a fossil fuel, which defeats the environmental benefits and objectives of fuel cell 
usage.  Alternative routes to produce hydrogen, such as electrolysis of water using renewable 
electricity, solar photolysis or biological dissociation are, therefore, under parallel study. Some fuel 
cells also have problems with electrolyte management, such as corrosive liquid electrolytes, or high 
costs due to use expensive catalysts or high hydration requirements of their electrolytes, or suffer 
from high degradation issues due to high operating temperatures [1]. The life span of fuel cells can 
be shortened by pulsed demand, impurities in the gas stream, while low power density per volume, 
poor accessibility and durability are other challenges for fuel cell technology development. Though, 
great breakthrough is still required, positive progress has been witnessed throughout the recent 
years [6]. 
Means Gas-electric Microturbine Diesel-electric Fuel cell Social conversation 
Sound level high moderate high low low 
a
 
Sound proofing required required required not required not required 
a
 Similar to fuel cell sound level 
 
Reciprocating 
engine diesel 
Turbine 
generator 
Photovoltaic Wind turbine Fuel cells 
Capacity 
range 
500 kW - 50 MW 500 kW  - 5 MW 1 kW - 1 MW 10 kW - 1 MW 200 kW - 2 MW 
Efficiency 35% 29-42% 6-19% 25% 40-85% 
Capital cost 
($/kW) 
200-350 450-870 6600 1000 1500 - 3000 
Operation & 
Maintenance 
cost ($/kW) 
0.005 - 0.015 0.005 - 0.0065 0.001 - 0.004 0.01 0.0019 - 0.0153 
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1.1.2 WORKING PRINCIPLE OF FUEL CELLS 
A fuel cell is an energy conversion device that generates electricity and heat by an 
electrochemically reaction that is spontaneous. It occurs between a gaseous fuel (hydrogen) and 
an oxidant gas (oxygen from the air) through an ion conducting electrolyte (eq. 1.1). During this 
process, water and heat are formed at the exhaust. Fuel cells are often compared to batteries as 
both have the same work purpose, i.e., both convert the energy produced by a chemical reaction 
into usable electric power. Nonetheless, in a battery this chemical reaction is internally provided 
and cycled, while in a fuel cell the reaction will continue to generate power, as long as an external 
fuel is supplied. In other words, it does not run down or require any recharging [1-8].  
 
        
 
 
                    (1.1) 
 
Its ability to convert chemical energy directly to electrical energy gives much higher conversion 
efficiency than that obtainable by a conventional thermo-mechanical system due to the fact that a 
fuel cell is not subject to the Carnot limitation, allowing more electricity to be extracted from the 
same amount of fuel. [1,2,5].  
A fuel cell has four main parts: two electrodes (the anode and the cathode), the catalysts, and an 
electrolyte. The two electrodes are sandwiched around the electrolyte. A combustible fuel such as 
hydrogen is fed over the anode, while oxygen, normally in the form of air, passes over the cathode. 
For an oxide-ion conducting fuel cell, oxygen atoms are reduced on the porous cathode surface by 
electrons. The formed oxide ions diffuse through the electrolyte to the fuel rich and porous anode, 
where they react with the fuel (hydrogen) and return the electrons to an external circuit. Pure water 
and a large amount of heat are produced by the electrochemical reaction [1,2,5,6]. 
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Fig. 1.1 – Schematic configuration of a fuel cell (adapted from [2]). 
 
The electrodes are required to bring about the necessary charge transfer reactions, cycling the 
electronic charge and delivering or removing the charge carrying ionic species to or from the 
electrolyte without themselves being consumed or corroded. For the progression of these charge 
transfer reactions three phases must be brought into contact: the gaseous phase, the liquid/solid 
electrolyte and the electronically conducting phase (the electrode itself). The anode disperses the 
hydrogen gas equally over the whole surface of the catalyst and conducts the electrons to be used 
as a useful power in an external circuit (eq. 1.2). The cathode distributes the oxygen fed to it onto 
the surface of the catalyst and conducts the electrons back from the external circuit where they can 
recombine to form oxide-ions, pass across the electrolyte, and further combine with hydrogen to 
form water (eq. 1.3). The electrolyte works as a barrier to gas diffusion, but permits ions to migrate 
across it. The catalysts are used to facilitate these charge transfer reactions and their type is 
dependent of the type of fuel cell and the operating temperature. [1,2,6,7].  
For the oxide-ion conducting fuel cell described the fuel cell reactions can be summarized as: 
 
             
           
  (1.2) 
           
 
 
      
       (1.3) 
 
1.1.3 TYPES OF FUEL CELLS 
Fuel cells are a family of technologies. There is a range of designs available for fuel cells; however, 
they all operate with the same basic principles. The main difference in various fuel cell designs is 
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the chemical characteristics of the electrolyte, which may be either liquid or solid, and the type of 
mobile ionic species. Because ion conduction is a thermally activated process and its magnitude 
varies dramatically from one material to the next, the nature of the electrolyte determines the 
operating temperature of the fuel cell. Table 1.4 shows the most important types of fuel cells and 
their operating characteristics [1,2,6-8]. 
 
Table 1.4 – Technical characteristics of different fuel cells [1]. 
Fuel Cell Types Electrolyte 
Operating 
Temperature (ºC) 
Fuel 
Alkaline (AFC) Potassium hydroxide (KOH) 50-200 Pure hydrogen, or hydrazine 
Phosphoric Acid 
(PAFC) 
Phosphoric acid 160-210 
Hydrogen from hydrocarbons and 
alcohol 
Solid Oxide (SOFC) 
Stabilised zirconia and 
Doped perovskite 
600-1000 Natural gas or propane 
Molten Carbonate 
(MCFC) 
Molten salt (nitrates, 
sulphates, carbonates, …) 
630-650 
Hydrogen, carbon monoxide, 
natural gas, propane, marine diesel 
Proton-exchange 
Membrane (PEMFC) 
Polymer, proton Exchange 
membrane 
50-80 
Less pure hydrogen from 
hydrocarbons or methanol 
Direct Methanol 
(DMFC) 
Polymer 60-200 Liquid methanol 
 
The most obvious differences between the fuel cells is in their specific operating temperatures. 
Molten Carbonate (MCFC) and Solid Oxide Fuel Cells (SOFCs) have higher operating 
temperatures (650ºC and 600-1000ºC, respectively), compared to the much lower operating 
temperature of around 100ºC and 200ºC for Alkaline (AFC) and PEM Fuel Cells and phosphoric 
acid fuel cells (PAFC), respectively [1,2]. Such higher temperatures open the possibility of 
alternative fuel usage in these fuel cell types. 
Fig. 1.2 compares the maximum operating temperature of fuel cells vs output power. For reasons 
of electrode activity (which can be described into higher efficiency and greater fuel flexibility), 
higher temperature of operation is preferred (higher output power can be achieved at higher 
operating temperature due to lower internal resistances). But for portable (intermittent) power 
applications, lower temperature operation is typically favoured as it enables rapid start-up as well 
as minimizes stresses due to thermal cycling [6,7].  
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Fig. 1.2 – Comparison of maximum operating temperature of fuel cell vs. output power [6]. 
 
Fig. 1.3 demonstrates the electric efficiencies and combined heat and power (CHP) efficiencies of 
various fuel cells [6]. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.3 – Efficiency of different fuel cell types [6]. 
 
Alkaline is the most electrically efficient (60%) fuel cell type, followed by polymer electrolyte 
membrane (58%) and molten carbonate (47%). While AFCs are the most efficient, the PEMFC is 
ideal for transportation applications like automotives and buses due to its lower operation 
temperature. PAFC is economically efficient; however, they suffer from low electrical efficiency. 
Due to their higher temperatures of operation, molten carbonate (MCFC) and solid oxide fuel cells 
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(SOFC) offer high combined heat and power efficiency and have their greatest applicability in 
stationary power generation [6,7].  
The number of different applications of fuel cells is very extensive and should be adapted 
according to fuel cell type [1-6]. With various types of fuel cell technologies available, it is 
necessary to clarify which technology is best suited to a specific application. Fuel cells can produce 
a wide range of power from 1 to 10 MW; hence they can be employed in almost any application 
that needs power from small range power devices as mobile phones or laptops, to the large range 
power applications for generating electrical power at hospitals or banks [3,6]. 
 
1.2 CERAMIC OXIDE FUEL CELLS 
The ceramic fuel cell differs from the other type of fuel cells in the type of the electrolyte. It is an all 
solid-state energy conversion device that produces electricity by electrochemically combining the 
fuel and the oxidant across an ionic conducting ceramic which can be an oxide-ion conductor or a 
proton conductor. However, their operation temperature requirements are at the upper end of the 
temperature scale, normally over 600ºC [9]. 
This choice of the type of electrolyte leads to two classifications: hydrogen-ion (proton) conducting 
fuel cell (designated as Protonic Ceramic Fuel Cell) or oxide-ion conducting fuel cells (traditionally 
referred to as Solid Oxide Fuel Cells). Despite the fact that the electrolyte in a PCFC is also often 
formed from a solid oxide material, such as the perovskite materials, this separation in 
nomenclature between PCFC and SOFC is now widely established based on their different 
conducting ionic species. The major operational difference between the two types of fuel cell is the 
side in which water is produced, the oxidant side in PCFCs and the fuel side in SOFCs. 
Furthermore, certain gases (e.g., carbon monoxide) can be used as fuel in oxide-ion conducting 
fuel cells but cannot be electrochemically oxidised in proton conducting fuel cells [9]. 
 
1.2.1 PROTONIC CERAMIC FUEL CELLS (PCFC) 
The Protonic Ceramic Fuel Cell (PCFC) has the highest theoretical efficiency among the fuel cells, 
when using hydrogen as fuel, due to the possibility of operation close to 100% fuel utilization (fig. 
1.5). It is based on a proton (hydrogen ion) conductor, especially perovskite oxides that have been 
found to exhibit appreciably high proton conduction in hydrogen-containing atmospheres (i.e., H2 or 
water vapour atmospheres) at elevated temperatures (600ºC to 800ºC). The most common high-
temperature proton conductors are acceptor doped Ba and Sr based perovskites, such as Y, Yb, 
Gd-doped BaCeO3, SrCeO3 or BaZrO3 [9,10]. 
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Fig. 1.4 – Typical schematic configuration of the operating principles of a Proton Ceramic Fuel Cell – PCFC 
(adapted from [11]).  
 
The main benefit of a PCFC (equations 1.4 and 1.5) as opposed to an oxide-ion conducting fuel 
cell (SOFC) (equations 1.2, 1.3) is that they form product water at the cathode where it does not 
dilute the fuel; thus allowing for more complete fuel utilization [7,9,10]. 
 
                    
      (1.4) 
             
 
 
         
             (1.5) 
 
Although this limitation of fuel utilization is a serious drawback for the maximum efficiency of a 
SOFC, the SOFC offers advantages towards direct internal steam reforming when hydrocarbons 
are used as the fuel, due to the ability to oxidise the formed carbon monoxide by-product. In 
contrast, if a PCFC operates with hydrocarbon fuels, reforming either needs to be accomplished 
before reaching the anode side, with separation of formed hydrogen, or, alternatively, water or 
another oxidant must be added to the natural gas fuel to enable complete fuel oxidation [7,9,10]. 
Nonetheless, a further option for direct hydrocarbon fuel utilization in PCFCs is that of 
dehydrogenation reactions. For example, methane dehydrogenation in dry conditions can allow the 
production of hydrogen and valuable high-molecular hydrocarbons without H2O, CO and CO2 
generation (equation 1.6 and 1.7) [7,9,10]. 
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                (1.6) 
               (1.7) 
 
However, work on PCFCs remains in its infancy, with many studies still being performed in order to 
clarify the basic conduction mechanisms and to optimize the electrolyte materials. Nonetheless, 
small laboratory-scale single cells have now been produced and show promising behaviour in the 
intermediate temperature range (600-800ºC) [12]. 
 
1.2.2 SOLID OXIDE FUEL CELLS (SOFC) 
A more mature alternative to PCFC is that of fuel cells containing an oxide-ion conducting 
electrolyte (fig. 1.5). In this case, the category is called Solid Oxide Fuel Cells (SOFCs) which 
traditionally have been operated at high temperatures (800 – 1000ºC). These fuel cells have shown 
tremendous reliability when operated continuously, with good fuel flexibility allowing a variety of 
hydrocarbon fuels to be utilized. Nonetheless, they have been shown to be costly for widespread 
commercialization, with poor stability under intermittent operation and  necessitating expensive 
materials for their fabrication in order to survive their high temperature of operation (e.g., high 
temperatures preclude the use of metals as interconnect materials, which typically have lower 
fabrication costs compared to ceramics) [1,2,5-8,13,14].  
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.5 – Typical schematic configuration of the operating principles of a Solid Oxide Fuel Cell – SOFC 
(adapted from [11]). 
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When the solid ceramic electrolyte is an oxide-ion conductor, SOFCs can use a fuel mixture of 
hydrogen and carbon monoxide (formed by internally reforming hydrocarbon fuel) that is fully 
electrochemically combusted with air as the oxidant. SOFCs operate traditionally above 800ºC 
where oxygen reduction and dissociation occurs at the cathode, while fuel oxidation happens at the 
anode. The oxide-ions migrate through the electrolyte to the anode and react with hydrogen to form 
water (equations 1.2 and 1.3). The anode should be porous to conduct fuel in the gaseous phase 
and to transport the gaseous products of fuel oxidation away from the electrolyte and fuel electrode 
interfaces [6,7].  
The electrolyte has a large impact on the fuel cell performance and, plays a key role in determining 
the operating conditions as it is responsible for the solid state transport of the oxide-ion from 
cathode to anode. In order to get an optimum fuel cell performance, the electrolyte material must 
have a fully dense structure to prevent reactant cross-over and offer a high ionic conductivity 
(typically, larger than 10
-2
 S/cm) at the required operating temperature with negligible electronic 
conductivity. 
The most widespread oxide-ion conducting SOFC systems have employed an yttria-stabilised 
zirconia (YSZ) electrolyte. This material not only show good oxide-ion conductivity but also exhibits 
desirable stability in both oxidising and reducing atmospheres. They offer good stability towards 
other components used in the cell and are abundant. However, their high operating temperatures 
(above 800ºC) to achieve sufficient oxide-ion conductivity will increase not only the cost, but also 
the instability issues in terms of mechanical and chemical compatibilities between the SOFC 
constituents. These elevated temperatures gives a strong motivation to identify an oxide-ion 
conducting electrolyte that can operate at intermediate temperatures in the range 600ºC – 800ºC, 
with a ionic conductivity, o, ~ 10
-2
 S.cm
-1
 [2,7,9,10], which will be discussed in the later section 1.3.  
Two possible design configurations for SOFCs have emerged, which can also be adopted for 
PCFCs: a planar design (fig. 1.6(a)) and tubular design. (fig. 1.6(b)). The planar design has the 
components assembled in flat stacks, where the air and fuel flow through channels built into 
interconnects separating the cathode and the anode of neighbouring cells. On the other hand, in 
the tubular design the components are assembled in the form of a hollow tube, with the cell 
constructed in layers around a tubular cathode. In this configuration, air flows through the inside of 
the tube and fuel flows around the exterior [9,15,16]. 
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Fig. 1.6 – Design configuration of solid oxide fuel cells: a) flat plate – planar design and b) tubular design of 
SOFC (adapted from [9]). 
 
The planar-type design is widely chosen because it has low fabrication costs and high power 
density. Its performance is a crucial point once it offers a greater contact area for the current-
collectors. Nonetheless, the tubular design offers a greater mechanical stability [17]. 
Each component in the fuel cell has more than one function and, thus, must follow strict 
requirements. All components (cathode, anode, electrolytes and interconnects) must be chemical 
and physically stable in their appropriate chemical environments as well as resisting chemical 
interactions between cell components and being morphologically stable, i.e., the chemical 
expansion and degradation of components in their working environments should be controlled and 
each component must have similar thermal expansion behaviour in order to minimize thermal 
stresses that may causes cracking or delamination during  fabrication and operation [2,4,10,13,15].  
Multiple cells are connected in series to produce larger quantities of power by interconnects, which 
are usually electronically conducting ceramic or metallic materials depending on operating 
temperature [2,4,13-15]. 
 
1.2.3 ADVANTAGES AND LIMITATIONS OF CERAMIC OXIDE FUEL CELLS 
Ceramic fuel cells can be simpler and more efficient than many other technologies with several 
advantages offered over competing fuel cell types: the use of non-precious catalyst materials, no 
liquids involved in the fuel cell and an invariant electrolyte. The use of a solid electrolyte reduces 
the problems associated with material corrosion and electrolyte management issues. Additionally, 
as all the components are solid, ceramic fuel cells can be fabricated in very thin layers and cell 
components can be configured into unique shapes that are unachievable in fuel cell systems 
(a) 
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having a liquid electrolyte. This feature allows various cell designs that can be tailored to distinct 
applications [9]. 
The high operating temperatures (above 600ºC) that SOFCs and/or PCFCs typically require allows 
internal reforming and promotes reaction kinetics, offering distinct financial savings due to the 
ability to operate without precious metal catalysts. Such fuel cells also produce high quality by-
product heat for cogeneration or for use in a bottoming cycle. The formed heat can be used to drive 
a turbine to produce more electricity and increase the system efficiency to significantly higher 
values than can be accomplished by any conventional electricity generation method or low 
temperature fuel cell. The tolerance of anode catalysts to impurities in the fuel such as carbon 
monoxide and variations in the fuel composition are further potential advantages of SOFCs over 
the other types of fuel cells [1,2,5,6,8,9,13,14]. 
Nonetheless, their elevated operation temperatures have also some negative consequences. They 
are responsible for an increase in costs, particularly those related to interconnects, manifolding and 
sealing materials and can also adversely impact fuel cell lifetimes due to temperature related 
materials degradation issues [2]. Thus, various approaches for the reduction of the operation 
temperature have been proposed to overcome these difficulties. Systems that can operate at 
temperatures below 800ºC have been studied where low ohmic losses are maintained by the 
adoption of thin film electrolytes or the adoption of alternative electrolyte materials offering higher 
ionic conductivities at these temperatures, such as doped cerias, LaGaO3 based phases or 
protonic conducting phases [11,16,18,19], which will be discussed in the later section 1.3.   
Despite the apparent simplicity of the electrode processes, proper electrode performance is still 
one of the main hurdles for SOFC, especially at reduced operation temperatures. Although, high 
temperature is advantageous when it comes to the kinetics of electrode processes, such 
temperatures place high demands on the mechanical and chemical stability of the materials in the 
fuel cell assembly. Although many of these stability issues may be resolved by cell operation at 
intermediate temperatures, the resultant slower electrode kinetics at these lower temperatures 
leads to impaired electrical efficiencies due to an increase in electrode polarization losses. Thus, to 
combat this performance decrease, extensive research effort has been focused in the pursuit of 
alternative electrode materials that maintain low polarization resistances at intermediate 
temperatures [20,21].  
The advantageous possibility to use metallic interconnects at intermediate temperatures, to reduce 
costs, is still dependent on the ability to offer good corrosion resistance, both tolerating oxidizing 
and reducing conditions without substantial degradation. This factor limits the potential choice of 
alloys to those that combine formation of slow growing electrical conducting oxide scales with slow 
creep rates [10]. 
For PCFCs with alkaline earth containing perovskite electrolytes the main degradation issues have 
been those related to the basic nature of the electrolyte material and subsequent reaction with CO2 
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and high water vapour partial pressures. Several of these materials are thermodynamically 
unstable at intermediate temperatures even at the low partial pressures of carbon dioxide present 
in air. In addition, large grain boundary resistances are shown to be an obstacle, especially for 
BaZrO3 based electrolytes. On the other hand, for alternative non-perovskite oxides the challenge 
has been their much lower ionic conductivity. This limitation could be solved by thinner electrolytes, 
nonetheless, such thicknesses may be vulnerable to mechanical stresses [10,22-25]. 
 
1.3 CERAMIC OXIDE SOLID ELECTROLYTES 
The most important property of a candidate electrolyte material is the level of ionic conductivity 
which should ideally be greater than 10
-2 
Scm
-1
, at the working temperature. An ideal electrolyte is 
the conductor of a single mobile ionic species and an electronic insulator. Electrolytes can have 
different natures: liquid, polymer, glass, or ceramic, and the choice between them depend on the 
nature of the reactants. Moreover, the type of conduction of the fuel cell will be dependent on the 
type of the electrolyte selected. Where the ionic conduction is protonic in nature, for example, in 
fuel cells such as PEM or PCFCs, these fuel cells offer the benefits of generating the by-product 
H2O at the cathode, where the fuel does not become diluted as a function of utilization. For PEM 
fuel cells protonic conduction is provided by a hydronium ion conducting electrolyte that requires 
careful water management to maintain the high water vapour partial pressures required for the 
existence of this species. In comparison, water management is simplified in PCFC due to the 
necessity of a significantly lower level of pH2O for full hydration of the protonic ceramic electrolyte. 
Ceramic solid electrolytes are used in electrochemical cells having gaseous or liquid reactants 
which can operate in an operate-circuit mode such as the oxygen sensors, or in a power 
application as in an oxygen pump or a SOFC [26]. Such solid electrolytes are typically ionically 
conducting oxides in the form of membranes that should be dense enough to be impermeable to 
gases while being thin enough to minimize ohmic losses.  A demanding set of properties are, 
therefore, required for potential electrolyte materials that include: the level of conductivity as well as 
chemical stability under redox conditions, chemical inertness with anode and cathode materials; 
and stable microstructures and mechanical properties. Because the electrolyte is a solid in a 
ceramic fuel cell, the cells do not have to be constructed in the plate-like configuration typical of 
other fuel cell types [7,26-28].  
In the case of PCFCs, the main open challenge is to develop a proton-conducting electrolyte 
material that currently satisfies two of the essential requirements: high proton conductivity and 
good chemical stability. In order to achieve these needs, perovskite-type oxides, such as acceptor 
doped Ba and Sr-based perovskites have been presented as the main materials [23]. The state of 
the art concerning these materials is discussed in detail in the following section 1.3.1. 
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In contrast, the classic oxide-ion conductors have an oxygen-deficient fluorite (Sc and Y-stabilized 
zirconia or Sm- and Gd-doped ceria) or perovskite (Sr- and Mg-doped LaGaO3) structure with 
oxygen transport via oxygen vacancies. Additionally, oxide-ion transport in apatites, scheelite, 
Ruddlesden-Popper, and mayenite structures have also been suggested, for use as electrolytes in 
SOFC. However, these alternative electrolyte structures typically show promising performance only 
at elevated temperatures (≥ 800ºC). Thus,suitable solutions are still highly desired to find other 
ceramic materials that can show high oxygen ionic conductivity under lower temperatures (<800ºC) 
[7,29,30]. Recently, a new family of superior solid oxide-ion conductors have been identified 
exhibiting acceptable oxide-ion conductivity due to the presence of either a terminal oxygen 
vacancy or an interstitial oxide-ion. These materials consist of a 2D layered structure with generic 
formula Sr3-xAxM3O9-0.5x, where A = Na or K and M = Si or Ge and have been identified as a 
promising electrolyte for intermediate temperature-solid oxide fuel cells (IT-SOFC) [30-33]. The 
status of these novel oxide-ion electrolytes is discussed in further detail in the following section 
1.3.2. 
 
1.3.1 PEROVSKITE-TYPE PROTON CONDUCTORS 
Perovskite-type proton conductors have been studied as electrolyte materials for PCFCs due to 
their lower activation energy for proton migration that enables higher levels of ionic conductivity to 
be obtained at lower temperatures than in typical oxide-ion conductors [19,34]. 
Perovskite was the name used to describe the rare mineral calcium titanium oxide with the 
composition CaTiO3. From this origin, the term perovskite is now commonly employed to name a 
wide range of materials of the same structure type. It has a general stoichiometry ABO3, which “A” 
and “B” are cations. It can be synthesized with a wide variety of combinations of chemical 
elements, on the general basis that cations of large ionic radii will assume an A-site location while 
smaller cations will be accommodated on the B-site. In addition the structure is highly tolerant to 
vacancy formation [18,34]. 
It can accommodate most of the metallic ions in the periodic table with a significant number of 
different anions: The A-site can be filled either by cations A
+
 (Na, K), A
2+
 (Ca, Sr, Ba) or A
3+
 (Fe, 
La, Gd); and the B-site can be occupied either by B
5+
 (Nb, W), B
4+
 (Ce, Zr, Ti) or B
3+
 (Mn, Fe, Co, 
Ga). This flexibility of the structure to accommodate a wide range of cations results in a number of 
properties, ranging from insulating, semiconducting, superconducting and the most important one 
and the motivation of the present work, ionically conducting. Due to their diverse physical/chemical 
properties over wide temperature ranges. Perovskite ceramics can offer ferroelectric and/or 
piezoelectric properties, such as BaTiO3 and Pb(ZrTi)O3 which play a dominant role in the 
electroceramics industry. Further industries have shown special interest in r perovskites, like 
(SrCaLa)MnO3 as colossal magnetoresistance, BaTiO3 as PTC thermistor, or Li0.5-xLaxTiO2 as 
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battery materials. Table 1.5 lists the properties and applications of some commonly studied 
perovskites [11,27,34]. 
 
Table 1.5 – Properties and applications of perovskites [11]. 
Property Application Material 
Proton conductivity 
SOFC electrolyte 
 
Hydrogen sensor BaCeO3, SrCeO3, BaZrO3 
H2 production / extraction 
 
Ionic conductivity Solid electrolyte (La,Sr)(Ga,Mg)O3- 
Mixed conductivity SOFC electrode La(Sr,Ca)MnO3-, LaCoO3, (La,Sr)(Co,Fe)O3- 
Ferroelectric / Piezoelectric 
Piezoelectric transducer 
BaTiO3, Pb(Zr,Ti)O3, Pb(Mg,Nb)O3 
Thermistor actuator 
Catalytic Catalyst LaFeO3, La(Ce,Co)O3 
Electrical / Dielectric 
Multilayer capacitor 
BaTiO3, BaZrO3 Dielectric ressonator 
Thin film resistor 
Magnetic 
Magnetic memory 
GdFeO3, LaMnO3 
Ferromagnetism 
Optical 
Electrooptical modulator (Pb,La)(Zr,Ti)O3 
Laser YAlO3, KNbO3 
Superconductivity Superconductor Ba(Pb,Bi)O3, BaKBiO3 
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The structure of an ideal cubic perovskite is illustrated in fig. 1.7, where the A-site is occupied by a 
cation that generally has a larger ionic radius than the B-cation and presents a +2 valence. The A-
site cation is located in the corners of the unit cell (0, 0, 0), while the B-site cation  is usually a 
transition metal or a rare earth which has a +4 valence and forms a six-coordinated octahedron 
with its neighbouring oxygen ions, being itself located in the center (½, ½, ½). Finally, the oxygen 
atoms are located at the center of each face of the unit cell (0, ½, ½). The cubic perovskite has the 
Pm-3m (221) space group. However, this structure is seldom attained at ambient conditions of 
temperature and pressure due to differences among the A, B and O ionic radii [11,35]. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.7 – Schematic representation of the ideal perovskite structure, ABO3 (adapted from [23]). 
 
The mechanism of proton conduction in the material of perovskite-type structure is defined by the 
formation of proton defects, i.e., formation of hydroxyl groups. Mobile protons can be incorporated 
in the perovskite structure as hydroxide defects which can be formed by the presence of water 
vapour (equation 1.8), where a H2O molecule fills an oxide-ion vacancy, forming two hydroxyl 
groups by combination with a lattice oxygen, and/or in hydrogen containing atmospheres (equation 
1.9) [11,23,29,36,37].  
 
       
    
       
  (1.8) 
       
       
       (1.9) 
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Proton incorporation can also occur by the consumption of positively charged holes in humid 
atmospheres according to the following reaction [23]: 
 
       
      
       
    
 
 
   (1.10) 
 
The proton transport mechanism can be described by two main mechanisms: the simplest one 
where the proton transfers by the diffusion of hydroxyl ions as a whole, leading to the diffusivity of 
OH
·
, or a more complex mechanism denominated as the Grotthuss mechanism (represented in 
figure 1.8), where the proton transfers between fixed oxygen sites. The existence of the Grotthuss 
mechanism was considered a controversial diffusion mechanism for a long time but these days has 
become the generally accepted process for ionic motion in solid state proton conductors. It can be 
explained by a combination between a molecular reorientation around the oxygen and jump of the 
proton from oxygen to nearest neighbour ion. This process has been highlighted as the active 
process for ionic migration typically occurring in solid acid salts (CsH2PO4) and perovskites 
[11,38,39]. 
 
Fig. 1.8 – Schematic representation of the Grotthuss mechanism for proton transport in BaZrO3 (adapted from 
[11]). 
 
According to equation (1.8), it becomes clear that to generate protonic conductivity in the material 
of ABO3 structure, the existence of oxide-ion vacancies is crucial [11,23,29,36,37]. These 
vacancies may be formed intrinsically by varying the ratio of the main constituents, or extrinsically 
to compensate an acceptor dopant. As an example, partial substitution of the B-site cation of the 
perovskite with a trivalent dopant M(III) would result in the creation of oxygen vacancies to achieve 
charge balance (equation 1.11). In this case the perovskite would assume the formula AB1-xMxO3-
[23].  
 
   
     
           
    
         (1.11) 
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In this case, the relation between dopant and oxygen vacancy concentration would be given by 
[23]: 
 
   
      
 
 
          (1.12) 
 
However, the actual defect chemistry of doped ABO3 perovskite structures can be complicated due 
to the possibility of partial substitution of the M dopant cation into the A-site instead of the B-site 
where oxygen vacancies would be consumed instead of being created. Many works were done on 
barium cerates to assess possible A-site substitution and preferential A-site substitution was shown 
for dopant cations of large ionic radius [40-43].  
Additionally, lattice distortions can influence the conducting properties due to increasing the energy 
required for protonic migration. This implies that the choice of the dopant cations with respect to 
respective ionic radius and their dopant concentration can in general have a strong impact on the 
electrical performance. The extent of distortion of a perovskite structure from the ideal cubic 
structure can be described by the Goldschmidt tolerance factor [23].  
In the early 1920s, Goldschmidt [44] proposed a tolerance factor (t) to study the stability of 
perovskites. Goldschmidt’s tolerance factor (t), equation 1.13, is used to describe the distortion of 
the perovskite and the likelihood of perovskite formation. The tolerance factor is based on the 
geometrical packing of charge spheres. 
 
   
        
           
 (1.13) 
 
“t” is determined by taking into account the ionic radii of the species A, B and O. For the ideal 
packed perovskite structure, which has a simple cubic structure, the tolerance factor presents a 
value t = 1. When distortions from the ideal configuration are present, “t” can assume different 
values: “t” values of most perovskites are in the range 0.75 - 1.0, resulting in different 
crystallographic systems such as orthorhombic, rhombohedral or tetragonal. A decrease in 
tolerance factor usually predicts a lower symmetry. Bhide et al. [45], also point out that the stability 
of perovskites (ABO3) increases with increasing perovskite tolerance factor. In other words, this 
means that upon distortion from the cubic structure, due to increasing mismatch in the A-O and B-
O bond lengths, the stability of the perovskite will decrease. 
According to what was described, the lattice distortions are then responsible for the position of the 
oxygen sites and consequently may affect the mobility of oxygen vacancies. 
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Although, the tolerance factor is a useful guideline it is not the only condition that is required for the 
formation of the perovskite structure. It should be coupled with the octahedral factor, which is 
defined by rB/rO. In order to have perovskite formation, the octahedral factor should be higher than 
0.425 [11,35,44]. 
In the early 1980s, Iwahara et al. [46] found several perovskite-type oxides that exhibit high proton 
conductivity at elevated temperatures. The most extensively studied are doped SrCeO3, BaCeO3, 
BaZrO3 and SrZrO3. The Ba-perovskites (BaCeO3, BaZrO3) have shown the most interesting 
proton conductivity properties duea combination of their high cell symmetry, their basicity and their 
ability to retain protonic species to high temperatures [23].  
Sr-based compounds reveal larger lattice distortions due to the smaller ionic radius of Sr
2+
 (0.126 
nm in eight-fold coordination) compared with Ba
2+
 (0.142 nm in eight-fold coordination). The larger 
distortions and the presence of two oxygen sites with different symmetry are probably the reasons 
why Sr-based perovskite oxides display high proton transport numbers, but smaller proton solubility 
and larger activation energy for proton transport with respect to the Ba-based perovskite oxide 
compounds [23]. 
BaCeO3-based materials show high performance in terms of proton conductivity (equal or larger 
than 10
-2
 S/cm at 600ºC) that exceed that of some of the best oxide-ion conductors in the 
intermediate temperatures range due to a lower activation energy for ionic migration in the proton-
conducting case. Thus a motivation to study this type of material in fuel cells is the possibility to 
decrease the operation temperature (500 - 700ºC), relatively to the high temperature solid oxide 
fuel cells based on oxide-ion conductors (800 - 1000ºC). This would give advantages with respect 
to cost, balance of plant and cell longevity. However, the most severe problem regarding barium 
cerates is their low chemical stability. It has been shown that they react with acidic gases, such as 
CO2, and with water vapour to form carbonates and hydroxides, respectively (equations 1.14 and 
1.15). Since the use of hydrocarbon fuels (i.e., methane) can lead to the production of CO2 and 
H2O, their chemical instability precludes their use with such fuels. On the other hand, their reactivity 
in the presence of water vapour also represents a harsh drawback since high water vapour partial 
pressures may be generated at the cathode during fuel cell operation [18,19,23]. 
 
                        (1.14) 
                          (1.15) 
 
In contrast to the cerate-based proton conductors, BaZrO3-based oxides exhibit not only cubic 
symmetry, in agreement with their high tolerance factor (close to unity), but also superior stabilities 
in steam or CO2 containing atmospheres that are advantageous for cell longevity. The cubic nature 
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of their symmetry is also beneficial for ionic mobility, giving these materials attractive bulk 
conduction properties [11,18,19,23,47].  
For the perovskite to be stable, the Gibbs energy of its formation must be lower than both the 
formation energy of the hydroxide and carbonate. Figure 1.9 shows the Gibbs energy of formation 
of barium hydroxide, barium carbonate and the formation of the perovskite oxides. BaCeO3 exhibits 
relatively high formation energy compared to BaZrO3 which demonstrates stability against 
hydroxide formation at all given partial pressures and temperatures. Although decomposition 
reactions of barium zirconate are thermodynamically expected below ~530ºC in pure CO2, their 
slow kinetics allows the system to maintain stability [48]. 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.9 – Gibbs energy of formation of barium hydroxide, barium carbonate, and perovskite from constituent 
oxides (adapted from [48]). 
 
1.3.1.1 BaZrO3 PROTON CONDUCTORS 
Following that described previously, BaZrO3-based materials have attracted special interest for use 
in electrochemical devices. They offer excellent chemical stability in a wide range of fuel cell 
operating conditions, such as CO2-containing atmospheres, rendering them highly attractive to 
operate under aggressive carbonaceous environments, opening up the use of these devices in a 
range of alternative fuels. Furthermore, their cubic perovskite structure shows a high melting 
temperature 2600ºC, good mechanical strength, high thermal stability, and low coefficient of 
thermal expansion that are attractive for many high-temperature applications [11,18,49,50]. 
Barium zirconate materials exhibit a higher bulk proton conductivity compared with their cerate 
analogues. However, despite this potential, these materials exhibit inferior levels of total proton 
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conductivity, due to highly resistive grain boundaries, compounded by poor grain growth. Thus, the 
total conductivity of BaZrO3 materials is in general two orders of magnitude smaller than the 
conductivity of their BaCeO3 based analogues measured at the same operating conditions (1.2 x 
10
-4
 S.cm
-1
 at 600ºC). Poor grain growth in BaZrO3 based materials arises due to their highly 
refractory nature, leading to sintered samples with submicron average grain size and high grain 
boundary density. These factors further aggravate the poor protonic conductivity of the grain 
boundary,  resulting in a poor overall conductivity [11,23,51,52]. 
The refractory nature of barium zirconate also leads to significant challenges to its implementation 
in fuel cells, namely its poor sinterability (i.e., low densification rate) [23,51,52]. The extremely poor 
sinterability and low densification rate of barium zirconate materials are serious issues for ceramic 
processing of these materials. Typically, sintering of BaZrO3 requires high sintering temperatures, 
1600-1700ºC, to achieve full densities (> 95%), which are incompatible with most potential 
electrode materials and, thus, precludes the fabrication of co-sintered structures. The high sintering 
temperature requirement also can be responsible for BaO evaporation (stoichiometric losses) 
which can also lead to further reduction in the total conductivity and is accountable for abnormal 
grain growth that has been noted to result in inhomogeneous properties, both electrical and 
mechanical (table 1.6) [11,47,49,50,53-56].  
 
Table 1.6 – Comparison of BaZrO3 samples density under different sintering regimes and pressing conditions. 
Sintering 
temperature 
Sintering time Pressing conditions 
Densification 
rate 
Reference 
1700ºC 48 hours Cold isostatic pressing (200 MPa) 98.5% [54] 
1600ºC + 1700ºC 6 hours + no soak Cold isostatic pressing (200 MPa) 91% [55] 
1600ºC 2 hours Cold isostatic pressing (225 MPa) 99% [56] 
1650ºC 2 hours Uniaxial pressing (350 MPa) 99% [50] 
1600ºC 5 hours Cold isostatic pressing (200 MPa) 94% [47] 
1650ºC 1 hour Hot isostatic pressing (50 MPa) 98% [49] 
 
There is a compromise between the grain growth and the densification mechanisms during heat 
treatment, especially during the final stage of sintering. When the sintering rate is too fast and/or 
the isotherm temperature is too high, the grain growth is faster than the densification. Since the 
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grain growth affects the distribution of grain size, a broad range of values of grain area is reached 
when only temperature or both temperature and heating time are increased [56,57].  
Guillaume et al. [56] have studied why an abnormal grain growth mechanism is effective for 
BaZrO3. Such behaviour is confirmed by microstructure analyses (fig. 1.10), where large pores are 
observed when the sintering temperature is higher than 1650ºC and/or the heating time is longer 
than 2 hours. Increasing further the isotherm temperature or the heating time leads to a decrease 
in density due to abnormal grain growth associated with the formation of trapped porosity, i.e., an 
abnormal grain growth is effective for BaZrO3 associated with the formation of trapped porosity. 
Guillaume concluded that full density of these materials (99%) is achieved at 1650ºC during 2 
hours.  
 
Fig. 1.10 - Scanning electron micrograph and grain area distribution plot of BaZrO3 sintered at: (a) 1650ºC 
during 2 hours, (b) 1700ºC during 2 hours, and (c) 1700ºC during 48 hours (adapted from [56]). 
 
The results compared in figure 1.11 clearly show that grain growth affects the distribution of the 
grain size, which is dependent on the sintering cycle (temperature and dwell time) [56]. 
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Fig. 1.11 - Comparative plot of grain size distribution for BaZrO3 sintered at (a) 1650ºC for 2h, (b) 1700ºC for 
2h and (c) 1700ºC for 48h (adapted from [56]). 
 
On the other hand, the very high grain boundary resistances associated to these ceramics leads to 
poor proton conductivity [58-60]. Many studies have been performed in order to understand these 
low values of proton conductivity. In 1993, Kreuer et al. [61] showed that, in the case of barium 
cerates, the isothermal conductivity measured at elevated temperatures for long periods of time 
can drop by as much as two orders of magnitude and this phenomenon was attributed to the loss 
of BaO through evaporation. Later, Shima et al. [62] presented that in the case of barium zirconate, 
Ba-losses also happen and suggested that they could be responsible for the poor conductivity of 
BaZrO3.  In 1999, Kreuer [63] attributed this poor conductivity to the small grain sizes and high total 
grain boundary area due to the high refractory nature of this material. In 2004, Snijkers and co-
workers [64] proposed that the achievement of the highest conductivities is affected by some form 
of phase transformation or segregation and/or by slow kinetic processes of water absorption. 
Additional attempts have also been made to attribute this factor to highly resistive grain 
boundary/impurity phases caused by intergranular phase formation during ceramic processing, 
perhaps related to the prolonged sintering at extreme temperatures [52,65], and/or space charge 
effects [66]. 
According to this description, a major target in the study of this material is to decrease the sintering 
temperature in order to avoid the deleterious effect that may arise due to barium losses and 
abnormal grain growth, and improve grain growth to maximise total proton conductivity. It is only in 
this way that profit can be taken from the advantageous high chemical stabilities of the BaZrO3 
based materials. These challenges are furthermore interrelated because processing approaches 
that lead to large-grained materials, such as prolonged sintering at extreme temperatures, often 
also result in lowered bulk or grain interior conductivities and poor chemical homogeneities [67]. 
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Preparation of BaZrO3 proton conductors 
Challenges surrounding the use of barium zirconate materials centre on: (i) decrease the sintering 
temperature required to achieve full density, thus, preventing elemental loss, (ii) improve the grain 
boundary conductivity and iii) lower the high number-density of grain boundaries by enhancement 
of grain growth characteristics.  
Highly pure and fine powder has been shown to be very crucial to produce dense ceramic bodies 
of BaZrO3-materials with high strength and good microstructural features.  A wide range of soft 
chemistry synthesis techniques have been attempted for this purpose with the aim to form 
nanometric powders with narrow size distributions: co-precipitation [68-70], sol-gel techniques [71-
74], hydrothermal synthesis [75,76], thermal decomposition of nitrate [55], combustion synthesis 
[50,52,72], spray pyrolysis [77,78] and mechanochemical reaction [47]. However, several 
disadvantages have been found for typical soft chemistry routes such as the evaporation of 
solvents, non-homogeneity causing the formation of segregated phases or alteration of 
stoichiometry due to incomplete precipitation processes [79], high chemical costs and time 
consuming processes [71-74], as well as the discharge of pollutant gases [52,55,68,72]. 
Furthermore, the formation of BaCO3 as an impurity phase due to the decomposition of organics 
was also presented as a common problem in many of the described techniques. In this case, 
additional calcinations steps are required to remove this impurity and may add to compositional 
inhomogeneity [52,55,68,72,74,79]. 
In order to obtain dense ceramics, some advanced pressing techniques are already known. Hot 
pressing (applying a pressure during the sintering) can also help the sintering rate as does a higher 
green density by isostatic pressing or rapid sintering process such as spark plasma sintering 
[49,58]. 
Moreover, control of Ba-loss on sintering can also give additional improvements in density as 
demonstrated by Magrez et al. [72] and Babilo et al. [52]. Ba-loss is a case in point that further 
impedes grain growth and conductivity. It can be reduced by covering the samples with sacrificial 
powder of the same composition.  
Many authors have also shown that the sintering rate can be improved by adding sintering aids  
[51,53,55,80] which will have influence not only in the sintering temperature but potentially can also 
alter the grain boundary resistance due to preferential location sintering additive in the grain 
boundary [36]. Potential sintering additives will be discussed in the later Chapter 4.  
 
1.3.1.2 YTTRIUM-DOPED BaZrO3 PROTON CONDUCTORS (BZY) 
Among various acceptor dopants suggested for barium zirconate the rare-earth elements are 
reported to be optimal for the generation of protonic conductivity [81-83]. According to that 
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described in chapter 1.3.1, the mechanism of proton conduction in the perovskites is defined by the 
formation of proton defects (equation 1.18) that require the presence of oxygen vacancies. The 
formation of oxide-ion vacancies can be obtained by the partial substitution of the B cation by an 
acceptor dopant due to the requirement of valence charge balance (equation 1.11) - AB1-xMxO3- 
[23]. Kreuer [29] has reported on the proton mobility in BaZrO3 doped with Sc
3+
, In
3+
, Y
3+
 and Gd
3+
 
(fig. 1.12) and has shown that BaZrO3 doped with Y exhibits the highest proton mobility of these 
dopants. The presence of yttrium also can raise the tolerance factor producing low lattice distortion. 
The significantly smaller ionic radius of Y
3+
 (0.892 Å), when compared with that of Ba2+ (1.35 Å), 
also minimizes the site partition problem. Based on the above considerations, yttrium-doped 
barium zirconate (BaZr(Y)O3-, BZY) is an interesting parent compound for the development of 
proton conducting electrolyte for SOFC applications [19,29,35,36,47,67,80]. 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.12 – Proton mobility in BaZrO3 doped with different acceptor dopants: Sc
3+
, In
3+
, Y
3+
 and Gd
3+
 
(adapted from [56]). 
 
Yttrium-doped barium zirconate (BaZr(Y)O3-, BZY) is thus widely recognised as one of the 
strongest candidates for incorporation in electrochemical devices due to good stability in CO2 and 
higher proton mobility. It possesses relatively high bulk conductivity of about 1.0x10
-2
 S.cm
-1
 at 
450ºC [5], which can satisfy the conductivity requirement for application as an electrolyte in fuel 
cells [84], with a wide ionic domain [19,29,35,36,47,67,80]. 
Nonetheless, the required high sintering temperatures (1600ºC) to ensure proper densification 
levels can lead to barium losses. Moreover, poor grain growth leads to a large grain boundary 
contribution limiting its total electrical conductivity [23,29,81].  
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The total conductivity of yttrium-doped BaZrO3 has been reported by many independent groups 
since 1995. However, its reported value varies widely, from around 1.3 × 10
−6
 [60] to  high values 
of 1.0 × 10
−2
 S.cm
-1
 [85] at 600 °C (table 1.7).  
 
Table 1.7 - Conductivity of Y-doped BaZrO3 as reported in the literature (adapted from [52]). 
Composition 
Sintering 
conditions 
Conductivity 
Conductivity 
measurement conditions 
Reference 
BaZr0.9Y0.1O3- 
1400ºC, 10 hours 
in air 
1.3 x 10
-6
 S/cm 
(bulk) at 605ºC 
N2 wet (room temperature 
water) 
[16] 
BaZr0.9Y0.1O3- 
1715ºC, 30 hours 
in air 
3.0 x 10
-3
 S/cm 
(bulk) at 600ºC 
Air wet [48] 
BaZr0.9Y0.1O3- 
1800ºC, 5 hours 
in air 
1.1 x 10
-3
 S/cm 
(total) at 600ºC 
H2 wet (pH2O = 0.017 atm) [86] 
BaZr0.93Y0.07O3- 1700ºC, 1 hour 
5.0 x 10
-4
 S/cm 
(total) at 600ºC 
Air wet (room temperature 
water) 
[87] 
BaZr0.95Y0.05O3- 
1350ºC-1400ºC, 
20-40 hours in air 
1.8 x 10
-6
 S/cm 
(bulk) at 605ºC 
N2 wet (pH2O = 0.031 atm) [88] 
BaZr0.85Y0.15O3- 1700ºC, 2 hours 
1.6 x 10
-3
 S/cm 
(total) at 600ºC 
N2 wet (pH2O = 0.023 atm) [29] 
Ba1.1Zr0.9Y0.1O3-(10% excess 
of BaO before sintering)
1500ºC, 24 hours 
9 x 10
-4
 S/cm 
(total) at 500ºC 
Air wet [27] 
BaZr0.93Y0.07O3- 
1650ºC, 10 hours 
in air 
3.8 x 10
-3
 S/cm 
(total) at 600ºC 
N2 wet (pH2O = 0.025 atm) [89] 
BaZr0.93Y0.07O3- 
1650ºC, 10 hours 
in air 
4.2 x 10
-3
 S/cm 
(total) at 600ºC 
Air wet (pH2O = 0.025 atm) [90] 
BaZr0.9Y0.1O3- 1400ºC 
2.8 x 10
-4
 S/cm 
(bulk) at 600ºC 
Ar wet – 5% H2 (pH2O = 
0.03 atm) 
[55] 
BaZr0.95Y0.05O3- 1800ºC 
1.0 x 10
-2
 S/cm at 
600ºC 
Ar wet – O2 (pH2O = 0.023 
atm) 
[49] 
 
The poor reproducibility of conductivity measurements represent a major challenge for the 
implementation of BZY in real devices and raises fundamental questions regarding the root of 
these variations and the proton transport mechanism [19,29,52]. 
As is shown in table 1.7, many different compositions of BZY have been tested. Iguchi and co-
workers [19,91,92] have studied the relationship between chemical composition and grain 
boundary conductivity in Y-doped BaZrO3 materials. In 2007, Iguchi [91] concluded that as Y 
concentration increased, the total and bulk conductivities also increase (figure 1.13).  
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Fig. 1.13 - Comparison of total and bulk conductivities of the samples of BZY with different amounts of Y (5, 
10 and 15 mol%) and different atmospheres (wet air and wet argon) (adapted from [91]). 
 
Nonetheless, figure 1.13, clearly shows that the total conductivity is significantly lower than that of 
the bulk conductivity for all materials, corresponding to the large impact of a high grain boundary 
resistance. On the other hand, the grain boundary conductivity was shown to significantly increase 
with increasing Y content from 5 mol% to 15 mol% by about three orders of magnitude at 200ºC 
[91,92]. Thus, the chemical composition can exert important influences on the proton conductivity 
of both grain and grain boundary contributions, whereas the overall conductivity is predominantly 
limited by the level of grain boundary conductivity. Thus, the deviation in the total conductivities 
reported for this material in the literature is likely to be a factor of the different processing routes 
adopted, which may lead to chemical inhomogeneities, deviations in stoichiometry (e.g. Ba-loss) 
and/ or different grain sizes.  
The presence of yttrium in barium zirconate-based materials has also been shown to be effective in 
terms of densification. Different studies have been performed with the purpose of understand the 
benefits of BZY.  
In 2011, Bendjeriou-Sedjerari et al. [93] reported the influence of yttrium-doped BaZrO3 (BZY) on 
densification compared with un-doped barium zirconate (BZO)(fig. 1.14). 
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Fig. 1.14 - Effect of zirconium substitution by yttrium on BaZrO3 after sintering at 1650ºC or during 4 hours at 
1650ºC (adapted from [93]). 
 
According to their results, the presence of Y proved to be disadvantageous during the rise of 
temperature but it had a positive effect on densification during the dwell of the sintering cycle. On 
the contrary, Figure 1.14 also shows that sintered BZY has a smaller final grain size when 
compared with un-doped BaZrO3. This difference was suggested by Bendjeriou-Sedjerari [93] to be 
responsible for the low densification rate of BZO upon heating [93].   
Iguchi et al. [19] presented the influence of the chemical composition in the densification of BZY 
samples. High densities of BZY samples (between ~93% and 100%) were achieved in samples 
prepared at 1800ºC (table 1.8).  
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Table 1.8 - Comparison of Y-doped BaZrO3 samples density prepared at 1800ºC under different Y content, 
preparation method and sintering rates (adapted from [19]). 
Composition Preparation method Sintering time Densification 
5 mol% Y Solid state reaction 20 hours 96.7% 
5 mol% Y Pechini method 20 hours 98.0% 
5 mol% Y Pechini method 50 hours 97.3% 
5 mol% Y Pechini method 200 hours 95.9% 
10 mol% Y Solid state reaction 20 hours 97.3% 
15 mol% Y Solid state reaction 20 hours 100.0% 
30 mol% Y Solid state reaction 20 hours 92.5% 
 
Iguchi et al. [19] concluded that 15 mol% of Y-doped attained the highest final density. Nonetheless 
problems associated to the extremely high sintering temperature of 1800ºC still exist.  
In summary, BZY is a promising material of high bulk conductivity, but drastically limited by poor 
grain boundary conductivity. It also suffers from poor densification properties requiring extreme 
conditions (high sintering temperatures and/or high sintering rates) and poor grain growth. With the 
aim of improving these factors, various co-dopants and sintering aids for yttrium-doped barium 
zirconate materials will be studied in the present work. 
 
1.3.2 NEW FAMILY OF OXIDE-ION CONDUCTORS 
Much research has been dedicated to the improvement of material properties for solid oxide fuel 
cells (SOFC), searching for new compositions and/or ways of improving the performance of 
existing materials. According to that described previously, one of the major challenges in this study 
is lowering the operating temperatures to the intermediate temperature regime, i.e. lower than 
700ºC, while maintaining good electrochemical performances [7,29,30]. The solid electrolyte plays 
a central role in this goal, since its ionic conductivity determines the best operating temperature 
range. The search for novel ionic conductors therefore remains a highly important line of research. 
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Recently, in 2012, a superior oxide-ion electrolyte family has been discovered showing an oxide-
ion conductivity of ≥10-2 S.cm-1 in the temperature range 500 - 600ºC, one of the key elements to 
the realization of intermediate temperature-solid oxide fuel cells (IT-SOFC). Additionally, its high 
stability and electrochemical performance make this material an ideal solid electrolyte for IT-SOFC 
[32,33,94].  
The material shows a 2D planar layered structure different from the fluorite and the perovskite 
structures, with a generic formula Sr3-xAxM3O9-0.5x (A = N or K and M = Si or Ge). It may be in the 
form of a single-phase polycrystalline solid having a monoclinic crystal structure, with the space 
group C12/c1 [30,32,94]. 
The monoclinic Sr3-xAxM3O9-0.5x (A = N or K and M = Si or Ge) structure is based on completely 
novel structure that may provide an alternative mechanism for oxide-ion transport involving 
interstitial oxygen as well as mobile vacancies [30,94]. 
In typical materials based on fluorite or perovskite-type crystallographic structures, oxide ion 
conductivity is induced by the introduction of oxygen vacancies. This type of defects appears by the 
substitution of a lower valence cation producing oxygen vacancies as defects that are created by 
charge compensation for the acceptor dopant cation. O
2-
 conduction then proceeds through oxide 
ion “jumps” via the formed oxygen vacancy defects [95,96].  
In contrast, according to Goodenough and co-workers [30,32,94], the Sr3-xAxM3O9-0.5x (A = N or K 
and M = Si or Ge) material may exhibit acceptable oxide ion conductivity due to the presence of 
either a terminal oxygen vacancy or an interstitial oxide-ion. The presence of these defects may be 
understood by first considering its location in the tetrahedral SrMO3 complex, M = Si or Ge (fig. 
1.15) [32,94,97]. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.15 – Schematic representation of the monoclinic SrMO3 (M = Si or Ge) complex with the space group 
C12/c1 (adapted from [32]). 
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The SrMO3 complex contains (001) planes of isolated M3O9 (M = Si or Ge) units of three MO4 
complexes in which each MO4 unit shares corners with two other tetrahedra of the M3O9 unit. 
These units lie within the a-b planes that are separated from one another by a close-packed layer 
of large Sr
2+
 ions, each coordinated above and below by three terminal coplanar oxide ions 
belonging to three different M3O9 units [32,94]. 
Substitution of K
+
 or Na
+
 for Sr
2+
 in the material, represented in figure 1.16, introduces mobile 
oxygen vacancies and steric constraints prevent the vacancies from being eliminated by a corner 
sharing M3O9 unit [33,94]. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 1.16 – Schematic representation of the monoclinic structure of Sr3-xAxM3O9-0.5x, where A = N or K and M = 
Si or Ge, with the space group C12/c1 (adapted from [32]). 
 
Wei et al. [33] suggested that the oxygen vacancies are retained by the steric hindrance promoted 
by the substitution of A
+
 (A = K or Na) for Sr
2+
. These vacancies will occupy primarily M3O9 (M = Si 
and Ge) complexes at lower temperatures with increasing apical-site occupancy as the 
temperature is raised, and would be expected to jump between clusters following generally the 
double well potential model [33,94]. 
Lastly, this type of ionic conduction, promoted by the use of steric hindrance to stabilize a terminal-
oxygen vacancy on a tetrahedral anion complex, can be considered as a new design principle for 
an ionic conductor. 
 
1.3.2.1  (Ba,Sr)GeO3 OXIDE-ION CONDUCTORS 
Singh et al. [30] have concluded that in the system of Sr3-xAxM3O9-0.5x where A = N or K and M = Si 
or Ge, Ge analogue generally give a high oxide-ion conductivity in comparison with Si analogues. 
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According to this study, the current work is focused on doping of SrGeO3 to determine whether the 
vacancies could give a competitive ionic conductivity. 
The introduction of a cation at the Sr-site of SrGeO3 causes the reduction of the unit-cell volume. It 
will lead to the introduction of terminal-oxygen vacancies on tetrahedral anion complexes ions 
which may provide a high oxide-ion conductivity [30,32,97]. 
The occupancy factors of the oxygen atoms in SrGeO3-doped system were described by Martinez-
Coronado et al. [32], revealing the presence of oxygen vacancies by the substitution of Na
+
 or K
+
 
for Sr
2+
. In the Na samples, the oxygen vacancies are located at all oxygen atom positions, being 
more pronounced at the in-plane O3 and O5 site at low temperatures (400ºC). For K samples, the 
oxygen vacancies are concentrated in a specific plane (at the in-plane O3 and O5 sites). 
Additionally, no oxygen interstitials were evident. 
Substitution of a large K
+
 ion for Sr
2+
 was described to be possible in the range 0 < x ≤ 0.25 of Sr1-
xKxGeO3-0.5x, reaching oxide-ion conductivity higher than 10
-2
 S.cm
-1
 by 700ºC. However, two 
slopes were clearly seen showing two different activation energies for oxide-ion conduction in the 
low- and high-temperature regions [30]. In order to understand this behaviour and since potassium 
doping showed better oxide-ion conductivity compared to un-doped SrGeO3, Sr1-xKxGeO3-0.5x 
materials will be in the base of the present work. 
The large difference in ionic radius of Sr
2+
 (0.126 nm) compared with Ba
2+
 (0.142 nm) may lead to 
significant lattice distortion in the current materials. Wei et al. [33] suggested that the oxygen 
vacancies in the current materials could be retained by the steric hindrance promoted by the 
substitution of larger cations for Sr
2+
.
 
Based on this observation, Ba1-xKxGeO3-0.5x materials were 
also studied to understand if a larger ionic radius in the close packed alkaline earth metal layers 
could impact the oxide-ion transport. 
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CHAPTER 2.   OBJECTIVES AND MOTIVATIONS 
The main objective of this dissertation is the development and processing of novel ionic conducting 
ceramic materials for use as electrolytes in proton ceramic and solid oxide fuel cells (PCFCs and 
SOFCs, respectively). Research aims to develop new processing routes and/or materials based on 
nanometric ceramic oxide powders showing superior electrochemical behaviour and chemical 
stability, prepared by manipulation of mechanochemical processes. 
As described in chapter 1, PCFCs require electrolyte materials with high proton conductivity at 
intermediate temperatures (500-700ºC) such as reported for perovskite zirconate oxides containing 
alkaline earth metal cations [1,2]. The flexibility of the perovskite structure to accommodate a wide 
range of cations results in a diverse number of properties, ranging from insulating, semiconducting, 
superconducting and, the present work’s motivation, ionically conducting. Perovskite, proton 
conducting, electrolyte materials based on the cerates or zirconates of barium doped with yttrium or 
lanthanide oxides have received extensive study for a large number of applications [3-5]. 
For such purpose, research work specifically focused on the development of proton conductors 
based on barium zirconate (BaZrO3), with special interest in yttrium-doped barium zirconate - 
BaZr(Y)O3-, since it is nowadays widely recognised as one of the strongest candidates for 
incorporation in electrochemical devices due to its good stability in CO2 atmospheres and high 
proton conductivity [4,6]. Nonetheless, despite offering high bulk proton conductivity, widespread 
application of this material is limited by its high levels of grain-boundary resistance, poor 
sinterability and grain growth. These are the major challenges involving these materials, providing 
considerable research work.  
Several recent studies have focused on strategies to minimise grain boundary resistance by 
promoting grain growth. Efforts such as reactive sintering [7], introduction of sintering additives [8-
12] or doping strategies [13-15] have been suggested. Although, such efforts have been numerous, 
only fractional improvements in conductivity have been achieved to date [7-15]. Thus, this thesis 
aims to extend such works through two main investigation strategies: i) the use of alternative 
sintering additives and ii) a detailed analysis of doping strategies and their impact on 
crystallographic structure, compositional homogeneity and protonic transport.  
BaZrO3 containing 15 mol% of Y (BZY) was chosen as base material for further study. Minor 
additions of oxides of zinc, phosphorous and boron were added as possible sintering additives, 
which were chosen based on the structural Goldschmidt tolerance factor for perovskites.  
On the other hand, one of the major challenges for electrolyte materials to be used in solid oxide 
fuel cells (SOFCs) is lowering the operating temperature to the intermediate temperature regime, < 
700ºC, while maintaining good electrochemical performances such as: high ionic conductivity, low 
electronic conductivity, stability in both oxidizing and reducing environments, good mechanical 
properties and long-term stability with respect to dopant segregation [16,17]. Three electrolyte 
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systems are known, namely yttria-stabilized zirconia (YSZ), strontium and magnesium-doped 
lanthanum gallate (LSGM), and gadolinium- or samarium-doped ceria (CGO or CSO). However, 
each system offers advantages and disadvantages. On one hand, YSZ fulfils electrical 
requirements at high temperatures and has good high temperature mechanical properties, but 
problems related to its reactivity with perovskite oxide electrodes containing lanthanum at high 
temperature can occur and La2Zr2O7 resistive layers can be formed. Although, LSGM has higher 
ionic conductivity compared with YSZ and is more compatible with lanthanum transition-metal 
oxide perovskite cathodes, on the anode-electrolyte side, composite LSGM-NiO anodes are less 
compatible with LSGM due to NiO reactivity. Finally, Ceria doped with rare earth metals has 
received considerable attention as an alternative electrolyte. It shows the highest conductivity at 
lower temperature but in reducing conditions Ce
4+
 is reduced to Ce
3+
 which results in the 
introduction of electronic conductivity thereby reducing fuel cell efficiency [18].  
Recently, Goodenough et al. [19] reported a superior oxide-ion electrolyte family of monoclinic 
doped SrMO3-based oxide ion conductors (M = Si, Ge) as promising candidates for intermediate 
temperature-solid oxide fuel cells (IT-SOFC), which shows good ionic conductivity values ( ≥ 10−2 
S.cm
-1
), at intermediate temperatures (625ºC). The introduction of a cation at the Sr-site of SrMO3, 
such as K
+
, was shown to cause reduction of the unit-cell volume, which led to the introduction of 
terminal-oxygen vacancies on tetrahedral anion complexes ions, providing elevated oxide-ion 
conductivity. Terminal-oxygen vacancies can be formed by the not accommodation in corner 
sharing with a neighbouring M3O9 unit, or by distortion promoted accommodation creating an 
interstitial mobile oxide ion. In order to stabilize terminal-oxygen vacancy in a tetrahedral anion 
complex, steric hindrance in the system is used and represents a novel design principle for oxide-
ion electrolytes. This research assessed if these materials could be formed by mechanochemical 
process and the role of the ionic radius of the alkaline earth metal cation (namely, potassium) on 
the crystallographic structure, compositional homogeneity and ionic transport. 
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CHAPTER 3.   EXPERIMENTAL PROCEDURES 
3.1 SYNTHESIS METHOD: MECHANOCHEMICAL AND/OR 
MECHANOSYNTHESIS 
The term mechanochemistry was introduced by Ostwald and was used to describe a mechanism 
where mechanical force can be used to induce chemical reactions [1]. However, nowadays 
different terms are in use to describe different synthesis techniques related to the use of 
mechanical energy, such as mechanical alloying, mechanochemical processing, mechanical 
activation or mechanosynthesis [2]. 
The current work reports the formation of BaZrO3 and BaGeO3 based nanopowders by room 
temperature mechanosynthesis. The processing of nanocrystalline materials using 
mechanosynthesis is of particular interest in the preparation of a variety of functional ceramic 
materials, such as complex oxides with perovskite and spinel structures, layer structures, magnetic 
materials or ceramic nanocomposites. Compared with alternative synthesis techniques, 
mechanosynthesis is a cheap, quick and efficient method that can achieve highly reactive and 
homogeneous nanopowders. Additionally, it has been recognized that powder mixtures can be 
mechanically activated to induce reactions at temperatures much lower than normally required. 
These mechanical processes offer the advantage that they are non-polluting processes in the 
formation of nanostructured powders which can exhibit high compatibility and improved sinterability 
to allow the formation of ceramic materials at lower temperature. For example, the density and 
grain growth of BaZrO3-based samples obtained by mechanosynthesized powder compacts show 
highly competitive levels, in comparison with the same materials formed by alternative powder 
preparation in similar sintering conditions (table 3.1). Furthermore, the formation of BaCO3 as an 
impurity phase on decomposition of organics is also a common problem of soft chemical synthesis 
route, requiring additional calcination steps to remove and may add to compositional 
inhomogeneity and powder coarsening, defeating the primary purpose of such low temperature 
synthesis techniques. Antunes et al. [4] showed that mechanosynthesis offers a method of 
producing of BaZrO3-related nanopowders with very low contamination levels of barium carbonate, 
with levels only detectable by FT-IR, a technique of very high sensitivity (fig. 3.1) [3]. 
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Table 3.1 – Comparison of density of mechanosynthesized composition x = 0.148 after 420 minutes of milling 
time with literature values for BaZr1-xYxO3- prepared by different synthesis techniques in similar sintering 
conditions (adapted from [4]). 
x 
Preparation 
method 
Densification 
rate 
Sintering 
temperature 
Ramp rate Dwell Covered Reference 
0.1 Sol-gel-acrylates 95% 1500ºC 1.5ºC.min
-1
 15 hours Yes [5] 
0.1 Spray pyrolysis 90.6% 1500ºC n/a 1 hour n/a [6] 
0.1 Spray pyrolysis 68% 1500ºC n/a n/a n/a [7] 
0.1 Sol-gel 65% 1500ºC n/a n/a n/a [7] 
0.1 Solid state 64% 1500ºC n/a n/a n/a [7] 
0.1 Spray dried 59% 1500ºC n/a n/a n/a [7] 
0.148 Mechanosynthesis 90.2% 1500ºC 5ºC.min
-1
 10 hours Yes [4] 
0.2 Sol-gel-alkoxides 99% 1500ºC n/a 20 hours n/a [8] 
0.2 Sol-gel-polyacrymide 95% 1500ºC n/a 10 hours Surface 
removed 
[9] 
* n/a: not available data 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.1 - Comparison between FT-IR spectra of undried BaCO3 commercial powder with 
mechanosynthesized BaZr0.852Y0.148O3- fresh powder and after 1 month of exposure at atmospheric (adapted 
from [4]). 
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Mechanosynthesis is performed in a high energy planetary ball mill. During ball milling the powders 
particles in the container are repeatedly deformed, cold-welded, fractured and re-welded. 
Nonetheless, the energy imparted is mostly lost in the form of heat and only a minor amount is 
spent in the elastic and plastic deformation of the powder particles [10].  
The planetary ball mill owes its name to the planet-like movement of its milling containers, which 
are arranged on a rotating support disk with a special drive mechanism that rotates them around 
their own axes. The centrifugal forces produced by the vials rotating around their own axes and by 
the rotational support disk act on the material being processed and on the milling balls. Since the 
two rotational movements occur in opposite directions, their superimposition gives rise to the so-
called Coriolis forces: the combined centrifugal forces lift off the milling balls across the inner 
chamber of the container and make them collide against the opposing inner wall of the container 
particles [10,11]. Figure 3.2 shows a schematic representation of the working principle of a 
planetary ball mill. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.2 - Schematic representation of a high energy planetary ball mill shown in a horizontal section (adapted 
from [11]). 
 
The material used for the milling containers and balls must be suitably selected due to the high-
energy impact of the milling balls on its inner walls. In order to minimize contamination by the 
impact of the balls on the milling media, it is a benefit if the vials and the spheres could be made of 
the same material as the processing powder particles [10]. 
According to the described assumptions, in the current work, the milling experiments were 
conducted in a planetary ball mill (Retsch PM200 – fig. 3.3a) with constant planetary rotation of 650 
rpm using 125 cm
3
 tetragonal zirconia vials (Retsch – fig. 3.3b) and balls (TOSOH Co. – fig. 3.3c). 
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Fig. 3.3 – (a) High energy planetary ball mill (Retsch PM200), (b) 125 cm
3
 tetragonal zirconia vials (Retsch) 
and (c) tetragonal zirconia balls with 10 mm and 15 mm of diameter (TOSOH Co.). 
 
The size of the balls has also influence in the milling efficiency through the impact for generated 
particles. Two different sizes were chosen: 10 mm and 15 mm. The weight ratio between the balls 
and the powder must also be considered once higher ball weight proportions increase the number 
of collisions per unit of time and, consequently, the energy transferred to the powder particles, 
reducing the processing time [10]. So, the ball to powders weight ratio used was around 10:1.  
Lastly, the extent to which the container is filled must also be carefully analysed once the balls and 
the powders should be allowed to move freely. It means that the container should not be occupied 
with more than 50% of its total volume, which means that the maximum amount of powder is 5 g. 
According to Antunes and co-workers [4] BaZrO3-based materials prepared by mechanosynthesis 
produce heat due to the exothermic reaction. In order to avoid excess build-up of heat, the milling 
was performed during periods of 5 minutes with a subsequent pause for the same period of time. 
After each interruption, the direction of rotation was reversed. As some gas product is also 
produced, the vials were regularly opened to release this gas, as this has been shown to be 
important to assist reaction progression.  
Produced powders often shows agglomerates up to 100 m with low densities, consisting of 
aggregates which are comprised of composites of nanosized crystallites (fig. 3.4).  
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Fig 3.4 - TEM image of BaZr0.852Y0.148O3- powder produced by mechanosynthesis showing agglomerate 
composed by aggregates of nanosized crystallites. The inset shows an example of a nanocrystallite. 
 
3.2 POWDER SYNTHESIS 
3.2.1 Ba(Zr,Y)O3-: MATERIALS PREPARATION 
Powders of Ba(Zr,Y)O3-δ were synthesized by the mechanosynthesis method [4]. According to 
Antunes [4], high energy milling of BaO2 with high purity ZrO2 and/or (ZrO2)0.92(Y2O3)0.08 precursors 
at 650 rpm in zirconia vials, leads to mechanochemical reaction and the formation of the 
correspondent perovskite: BaZrO3 and/or BaZr0.852Y0.148O3-, respectively. These experiments were 
preceded by thermodynamic analysis for use as a guide in the selection of the most favourable 
precursors to achieve the one step mechanosynthesis of each material composition and 
experimentally checked. BaCO3 was proven to be not effective for the mechanochemical reaction, 
a factor that can be related with its higher thermodynamic stability in comparison with BaO2, as 
predicted by the thermodynamic analysis software. 
According to the described assumption, for BaZrO3, stoichiometric quantities of precursors: barium 
peroxide (Sigma-Aldrich, 95% purity), with zirconium (IV) oxide (TZ-0Y, TOSOH Co.) were used, 
while the preparation of BaZr0.852Y0.148O3- was performed using barium peroxide (Riedel-de-Häen, 
99% purity) with (ZrO2)0.92(Y2O3)0.08 (TZ-8Y, TOSOH Co.), or ZrO2 (TZ-0Y, TOSOH Co.) and Y2O3 
feinst (Herman C. Starck Berlin). The commercial powder of barium peroxide is a mixture of 95 
mol% BaO2 and 5 mol% BaCO3. Thus, in order to calculate the exact quantities of each 
component, thermogravimetric analysis (TGA) in flowing CO2 were performed, using a Netzsch 
STA 449F3 (fig. 3.5) with a 1600°C rod by complete carbonation of a sample in flowing CO2.  
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The milling experiments were conducted in the planetary ball mill at 650 rpm and the grinding time 
was 7 hours. The final powder was kept in vacuum dessicator to avoid humidification and 
carbonation in air.  
 
 
 
 
 
 
 
 
 
 
Fig. 3.5 – TGA/DSC from Netzsch (STA 449F3). 
 
3.2.2 (Ba,Sr)GeO3: MATERIALS PREPARATION 
Powders of (Ba,Sr)GeO3 were also synthesized by the mechanosynthesis method from a 
stoichiometric amount of mixed BaO2 (Sigma-Aldrich, 95% purity) or SrO2 (Sigma-Aldrich, 98% 
purity) and high purity GeO2 (Sigma-Aldrich, ≥99.99% trace metal basis). Powders were mixed in a 
high energy planetary ball mill at 650 rpm in zirconia vials for 5 hours. Samples were isostatically 
pressed at 200 MPa and heated at 1100ºC for 5 hours.  
As previously noted, the commercial powder of barium peroxide is a mixture of 95 mol% BaO2 and 
5 mol% BaCO3. Correspondingly, the commercial powder of strontium peroxide is a mixture of 98% 
SrO2 and 2 mol% of SrCO3. Hence, according to that described in the previous section (3.2.1), the 
exact quantities of each component were confirmed by thermogravimetric analysis (TGA) in flowing 
CO2 with a 1600°C rod by complete carbonation of a reference sample. 
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3.3 MATERIALS CHARACTERIZATION: METHODS AND WORKING 
PRINCIPLES 
3.3.1 X-RAY DIFFRACTION: PHASE ANALYSIS, LATTICE PARAMETERS AND 
CRYSTALLITE SIZE 
X-ray diffraction is one of the most powerful tools for crystalline phase identification. It is, performed 
by comparing the position intensities of the diffraction peaks against a library of phase information. 
Coexisting phases can be identified with a detection limit of ~ 1 wt% for similar diffracting powers 
and quantified from the relative integrated intensity of the peaks [12].  
In this work, the progression of reactions were monitored by X-ray diffraction (XRD) analysis of 
powder samples collected at regular periods of time, using a Rigaku Geigerflex diffractometer in 
the range 10 ≤ 2θ ≤ 90° with Cu K radiation, and scan rate of 1.5°.min
-1 
(fig. 3.6). The millings 
were stopped when no further crystallographic changes were observed. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.6 – X-ray-diffractometer (Rigaku Geigerflex). 
 
Cell parameters can be determined from the x-ray patterns through the central position of each 
diffraction peak and are sensitive to the material chemical composition. Rietveld refinement is a 
technique used in the characterisation of crystalline materials. This method uses a least squares 
approach to refine a theoretical line profile until it matches the measured profile.  
In the current work, unit-cell parameters were determined from the diffraction data using Fullprof 
software. The program has been mainly developed for Rietveld analysis (structure profile 
refinement) of XRD data collected at constant or variable step in scattering angle 2θ. It also allows 
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the determination of shape and symmetry parameters as well as preferred orientation and strain 
[13]. 
All XRD patterns exhibit peak broadening which may arise due to the combined effect of a 
crystallite size in a nanometric range and lattice strain, both typical consequences of high energy 
milling. Crystallite size is commonly defined as the size of the crystalline domains. On the other 
hand, lattice strain is usually a consequence of the crystalline defects induced by milling. The 
Scherrer equation and the Williamson-Hall method can be used to access the two contributions to 
the peak broadening observed in the X-ray diffractograms perovskite nanopowders. However, the 
Scherrer equation attributes peak broadening exclusively to crystal size, not taking into account 
microstrain (equation 3.1) [14]: 
 
   
   
      
 (3.1) 
where k is a shape factor, λ is a X-ray wavelength, β is full width at half maximum and θ is the X-ray 
angle. 
 
On the other hand, the Williamson-Hall approach enables to separate the two effects: crystallite 
size and microstrain effect (equation 3.2) [15]: 
 
 
  
  
 
 
  
 
 
  
  
   
    
 
 
 
 
 (3.2) 
where β* is the integral breath and d* is the interplanar distance, both in reciprocal space units; ε is 
the average apparent diameter; and η is the mean lattice strain. 
 
The Williamson-Hall method has been used in the calculations of crystallite size in the current 
work, once it is a more precise approach. According to equation 3.2, the representation of β* and 
d*, i.e. β*/(d*)2 vs (β*/d*)2x104, gives the Williamson-Hall plot. Linear regression of this plot allows 
to estimate the crystallite size, ε (calculated from the slope of the regression), and the mean lattice 
strain, η (calculated from the intersection at the origin) [4]. 
 
3.3.2 SCANNING ELECTRON MICROSCOPY (SEM): MICROSTRUCTURE ANALYSIS AND 
CHEMICAL COMPOSITION  
Scanning electron microscopy (SEM) is a powerful technique capable of producing images of a 
sample by scanning it with a focused beam of electrons. The electrons interact with atoms in the 
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sample, producing various signals that can be detected and that contain information about the 
sample's surface: topography and composition. SEM can produce images with resolution of around 
1 nm [16].  
The scanning electron microscope is a machine comprised of an electron generating component, 
the gun; a column through which the electron beam travels; a series of lenses to shape the 
electron beam; the sample chamber; and a series of vacuum pumps to keep the equipment interior 
under vacuum [17].  
In the current work, microstructural detail and chemical composition was investigated by scanning 
electron microscopy (SEM) using a Hitachi 4100S instrument (fig. 3.7) coupled with energy 
dispersive X-ray spectroscopy (EDS). Generally, bulk samples were analysed as a fracture section 
or a polished top surface. A carbon coating was applied to the sample to provide conductive path, 
and to avoid charging of the sample inside the microscope.  
Average grain sizes were calculated from SEM images, using the image processing program 
Image J 1.37v software (Wayne Rasband, National Institutes of Health, USA). This software 
determines the number of grains per unit area. In order to have a correct approach of the grain 
size, at least a total of 200 grains were measured in different locations on the sample (multiple 
pictures). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.7 - Scanning electron microscope (Hitachi 4100S instrument). 
 
3.3.3 DENSIFICATION: TEMPERATURE DEPENDENCE AND SHRINKAGE RATE 
Densification measurements were performed in two ways: direct measurements of sample 
dimensions and weight (geometric measurements) and linear shrinkage after sintering.  
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In order to study the densification and the temperature dependence of the linear shrinkage rate, 
rectangular green compacts of as prepared material (1.4 × 0.5 × 0.3 cm
3
) were isostatically 
pressed at 300 MPa during 15 minutes. The green compact was assessed dynamically using a 
Linseis L70/2001 dilatometer (fig. 3.8). Data was collected at a constant heating rate of 10°C.min
-1 
to 1500ºC under atmospheric conditions. The relative density (ρr) was corrected for thermal 
expansion using the following equation [18]:  
 
    
        
            
       
    
  (3.3) 
 
where i is the initial density (direct measured of sample dimensions and weight, i.e., geometric 
measurement), t(T) is the theoretical density as a function of temperature, and PLCs(T) is the 
percentage linear change of the sample in the axial direction as a function of temperature. The 
value of t(T) was determined by dilatometry using the expression:  
 
       
       
    
       
    
  (3.4) 
 
where t(25) is the room temperature theoretical density and PLCp(T) is the percentage linear 
change of a pre-densified sample in the axial direction as a function of temperature. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.8 - Linseis L70/2001 dilatometer. 
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3.3.4 CONDUCTIVITY CHARACTERIZATION: IMPEDANCE SPECTROSCOPY 
Impedance spectroscopy is a powerful analytical tool for characterizing electrical properties of 
materials and their interfaces with electrodes. It has the capability to distinguish different responses 
contribution to the total resistance and is commonly conducted in a symmetric cell configuration, 
denoting two identical electrodes applied to the faces of the sample with uniform gas on both sides. 
A small electrical perturbation voltage is applied (equation 3.5) and the response is measured by 
equation 3.6: 
 
                 (3.5) 
                    (3.6) 
 
The voltage “v” and resultant current “i” will be in phase only for a pure resistor, i.e. θ = 0º, whilst for 
a pure capacitor “i” would lead “w” by a phase angle of 90º (θ = 90º). It means that a real system 
would consist of both a capacitive and a resistive term [19]. 
The A.C. impedance can be described by equation 3.7, i.e. the ratio between the A.C. voltage and 
the A.C. current in the frequency domain [19]. 
 
        
    
    
              
      
    (3.7) 
 
The complex impedance is typically represented in a Nyquist plot (fig. 3.9), where the imaginary 
part of the impedance is plotted as a function of the real part. According to figure 3.9, there are 
three arcs, each one responsible for a distinct phenomenon: grain interior/bulk (arc 1), grain 
boundary (arc 2) and electrode (arc 3) [20].  
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Fig. 3.9 - Example of a Nyquist plot for three unique processes: grain interior/bulk, grain boundary and 
electrode (adapted from [20]). 
 
Each process is characterized by a typical capacitance value as shown in table 3.2. 
 
Table 3.2 - Typical capacitance values shown together with the component phenomenon responsible (adapted 
from [20]). 
Capacitance Phenomenon responsible 
10
-12
 Grain interior / bulk 
10
-11
-10
-8
 Grain boundary 
10
-7
-10
-5
 Electrode 
 
The characteristic frequency is a material constant and independent of sample geometries 
(equation 3.8) [19]: 
 
    
 
   
 (3.8) 
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The unique processes of the polycrystalline materials are modelled as RC circuits in series as 
shown in fig. 3.10. For each arc in the plot, the resistor describes the resistance of the process to a 
moving charge, while the capacitance describes the dielectric response of the process [21]. 
 
 
 
 
 
Fig. 3.10 - Equivalent circuit to model a three-process system. 
 
The three phenomenon responses from impedance spectroscopy can be described by the “brick 
layer model” (fig. 3.11).  It was adopted to optimize the full extent of information that can be 
extracted from the measured electrical data [22]. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.11 - “Brick layer model” of a polycrystalline material (adapted from [22]). 
 
From figure 3.11, L is the sample length, A is the sample cross sectional area, D is the average 
grain size and δ is the average grain boundary thickness. When σ i > σgb and δ >> D, the current will 
follow the grain interiors only passing through the series grain boundaries as a means to get from 
one grain to another. This will result in two distinguishable arcs, where the high frequency arc is 
assigned to the grain interior and the low frequency one is identified as the total grain boundary 
response [22]. 
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According to what is shown in the Nyquist plot (fig. 3.10), the resistance due to the grain interior 
and total grain boundary can be easily extracted. Given that the characteristic frequencies are 
sufficiently different from one another, a complete semi-circular arc can be seen where the 
diameter reveals the resistance for that specific process (R). The resistivity () and the conductivity 
() can be calculated by [23]: 
 
   
 
 
  
 
   
 (3.9) 
where L and A are sample dimensions, length and cross sectional area, respectively. 
 
From equation 3.9, the total grain boundary conductivity is a measure of both the grain boundary 
geometry and the inherent properties of the grain boundaries. Using the brick layer model, it can be 
estimated as [23]: 
 
       
 
 
  
     
   
  
 
   
  (3.10) 
where Rgb is the grain boundary resistance extracted from the impedance  spectra, and Cbulk and 
Cgb are the bulk and boundary capacitances, respectively.  
 
In this approximation, it is assumed that the dielectric constants are equal in the grain interior and 
grain boundary. Resulting in the ration of the capacitances being equal to the ration of grain 
boundary thickness (δ) to average grain size (D) [23]: 
 
     
   
  
 
          
 
  
 
        
  
 
 
 (3.11) 
 
Electrical-conductivity measurements were on samples prepared by isostatically pressing the as-
prepared powders to 300 MPa for 15 minutes. The sintering conditions depended on the presence 
and type of sintering additive. Platinum wire was attached to the samples in a pseudo 4-point 
configuration using porous Pt-paste. Impedance spectroscopy was carried out using an 
Electrochemie Autolab PGSTAT302N analyser (fig. 3.12) in the frequency range 10
-2
 – 10
6
 Hz 
applying signal amplitude of 50 mV. Data was collected on cooling in different atmospheres, 
monitored by an inbuilt oxygen sensor. Stability was confirmed by performing repeated impedance 
measurements at each temperature. Humidification was achieved by bubbling the gas through 
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water then a saturated KCl solution in contact with solid KCl, producing approximately 86% relative 
humidity at room temperature. The impedance data were de-convoluted using the ZView program 
to obtain contributions ascribed to bulk, grain boundaries and external interfaces, as suggested by 
typical capacitance values in the ranges of ~1 pF/cm
2
, about 0.1-1 nF/cm
2
, and about 0.1-1 F/cm
2
, 
respectively [24].  
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 3.12 - Electrochemie Autolab PGSTAT302N analyser. 
 
Activation energies (Ea) for the bulk and specific grain boundary conductivities were calculated by 
the standard Arrhenius equation (equation 3.12) where Ao is the pre-exponential factor. 
 
   
  
 
      
  
  
  (3.12) 
 
An example of a typical impedance spectrum for BZY-based materials is shown in fig. 3.13. In this 
case, the impedance response can be seen to be dominated by the grain boundary response [25]. 
Bulk response is only observable at the highest frequencies. 
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Fig. 3.13 - Typical impedance spectrum at low temperatures. The grain boundary response dominates the 
spectra. The inset reveals the bulk response at the highest frequencies (adapted from [25]). 
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CHAPTER 4.   Ba(Zr,Y)O3- MATERIALS: SINTERING ADDITIVES 
Yttrium-doped barium zirconate (BZY) is considered to be one of the most promising materials for 
application in IT-SOFC due to its good stability in CO2 and high bulk proton conductivity [1,2]. 
Nevertheless, several challenges still exist for its implementation in functional devices, as outlined 
in Chapter 1. This material exhibits a high grain-boundary resistance that is compounded by poor 
densification and poor grain growth, requiring high sintering temperatures (~1700ºC) for its 
fabrication [3-8]. With the aim of improving these factors, several studies have focused on 
strategies to minimise grain boundary resistance by the promotion of grain growth, such as: 
reactive sintering [9], the introduction of sintering aids [10-14] or by doping strategies [15-17]. In 
this section, the effect of various potential co-dopants and sintering aids is studied. 
Babilo et al. [10] provided an initial screening of all transition elements from Sc to Zn as potential 
sintering additives for yttrium-doped barium zirconate materials and showed NiO, CuO, and ZnO to 
be the most effective additives for enhancing barium zirconate densification. For the ZnO-case, 
these authors highlighted an optimal additive concentration of 4 mol% Zn that allowed peak 
densification at 1300ºC. Further increases in sintering temperature lead to decreases in density, 
possibly due to Zn volatilisation. Despite such valuable gains in densification, Zn-additions were 
observed to deplete levels of proton conductivity when compared to literature data of additive-free 
compositions [3-8]. Subsequent works, in general, reinforce these conclusions [10,11,18]. Ricote et 
al. [12] showed that improvements in densification could be obtained for minor Ni and Co additions 
(1-2 mol%), but noted that grain growth was only improved in the case of Ni-doping, an observation 
supported by Tong et al. [13] who studied slightly higher Ni-additive concentrations (3.5 to 7.5 
mol%). Both groups reported depletions in conductivity with Ni-additions in the low temperature 
range, while  slightly enhanced total conductivities were obtained at temperatures in excess of 
500ºC for the more Ni-rich samples [13]. In all cases, the activation energy for total conductivity 
was shown to be seriously increased by addition of Ni as a sintering additive, suggesting an 
impairment of ionic motion or a shift to a larger electronic component. Cu-additions have been 
shown to mirror the results for Ni-additions. Park et al. [14] showed that Cu-additives enhance grain 
growth and stimulate densification, but have a negative impact on levels of total conductivity and 
activation energy for conduction. 
Thus, despite their noted improvements in densification, the negative effects of these sintering 
additives on the levels of total conductivity needs to be fully understood. To date, the exact role of 
these additives in the enhanced sintering mechanism has not been clarified. Several authors have 
pointed out that there may be slight solubility of these sintering additives in the main perovskite 
phase due to compatible lattice parameters for a B-site location. Hence, the current work offers an 
assessment of different methods to encompass these sintering additives in the proton ceramic with 
examination of their respective impacts on final levels of total conductivity. In the current work one 
will focus on Zn additions for this goal.  
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A slightly different approach can also be suggested, involving the search for redox stable sintering 
additives with ionic sizes much smaller than the average B-site ionic radius. Here, due to their 
small ionic size, these additives may be considered less likely to be accommodated in the bulk 
perovskite material and, hence, less likely to influence bulk conductivity. Lithium may be one 
potential additive that could fulfil these prerequisites, however, Tong et al. [13], showed LiF2 to be 
relatively ineffective at improving densification when added to barium zirconate based materials. 
Phosphorous additions have been studied as potential sintering additives in analogous BaTiO3 
materials, with improvements in densification being obtained. However, the presence of barium 
phosphate as a secondary phase was shown to impact conductivity with the varying effects being 
obtained depending on sintering temperature. Although conductivities were impaired at sintering 
temperatures below 1275ºC, higher sintering temperatures lead to slight enhancements over the P-
free base composition [19]. Additionally, Lee et al. [20] studied the densification of the material 
Ba0.997Y0.003TiO3-, as a function of boron additives in the form of BN or BaB2O4 additions. In their 
work, the densification temperature could be decreased by approximately 200ºC with respect to the 
additive free composition on addition of 4 mol% BN or 4 mol% BaB2O4 [20,21]. Moreover, for small 
additive levels, improvements in conductivity over the base material were also noted [21]. 
This chapter is, therefore, constituted by three individual studies concerning the use of sintering 
additives, such as oxides of Zn, P, and B, on BaZrO3-based materials. From the use of these 
additives, it is hoped to confront the main issues limiting the performance of BaZrO3-based 
materials, i.e. to lower sintering temperatures and increase grain size, which have the potential to 
enhance subsequent grain boundary conductivities, leading to gains in total proton conductivity.  
The first work is related to study the potential of ZnO as a sintering additive, as a function of the 
adopted substitution mechanism. The effect of the addition method on the microstructure, lattice 
parameter, grain growth and conductivity (bulk and grain-boundary) of the bulk protonic ceramic 
are outlined, as well as an investigation of potential elemental segregation. 
The following study concerns the study of the influence of phosphorous additions on the sintering 
and electrical transport properties of the proton-conducting perovskite BaZr0.85Y0.15O3-. The effect 
of P2O5 additions was studied in order to assess both the feasibility of the use of phosphate esters 
in BZY thin film preparation and the potential of phosphorus as a sintering additive. To understand 
the effect of phosphorus additions a barrage of tests were performed, such as: dilatometric 
measurements, XRD, SEM as well as impedance measurements.  
The final section presents results for the densification of un-doped and Y-doped BaZrO3 (BZO and 
BZY, respectively) with boron additions, using H3BO3, as a potential sintering additive. The effect of 
the solution doping method was an additional focus of this work. The study was based on 
dilatometric measurements complemented by XRD, SEM, Raman and FT-IR analyses, to 
understand the different mechanisms of B-addition. 
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4.1 OPTIMIZING THE SOLID SOLUTION MECHANISM FOR Zn-ADDITION TO 
Ba(Zr,Y)O3- 
4.1.1 INTRODUCTION 
Zinc oxide (ZnO) has been observed to be an effective sintering aid for BZY proton conducting 
electrolytes, lowering the sintering temperature from >1700ºC to 1300ºC, enhancing both 
densification to 93% of theoretical density and uniform grain growth. Despite such valuable gains, 
Zn-additions were observed to deplete levels of proton conductivity when compared to literature 
data of additive-free compositions [8,10,11,18,22]. By observing changes in lattice parameter, such 
depletions were suggested to be due to partial Zn-solubility in the main perovskite phase [18]. This 
has lead authors to suggest three possible mechanisms for Zn addition: a) BaZr1-y-xZnxYyO3- [10], 
b) (1-x)BaZr1-yYyO3-+xZnO [10,18] and  c) BaZr1-yYy-xZnxO3- [18,22]. Nonetheless, to date, a direct 
comparison between these methods has not been presented. Following the discussion presented 
in the introduction, Chapter 1, the ability to achieve reproducibility in the conduction behaviour of 
BaZrO3-based materials is highly dependent on their powder processing route. Thus, for the 
current study potential processing differences between these Zn addition methods for BaZrO3-
powders are avoided by the preparation of all materials by mechanosynthesis. It should further 
noted that the work of Tao et al. [18] discussed mechanism case c) in its introduction, however, the 
conductivity measurements presented were those of a different mechanism: (1-x)BaZr1-yYyO3--
xZnO (mechanism b).  
In mechanism a), the zirconium cation, Zr (IV), is partially substituted with a divalent cation, Zn (II). 
For charge compensation, oxide-ion vacancies are introduced (equation 4.1). This substitution 
mechanism would lead to a significantly higher oxygen vacancy concentration in comparison to 
substitution mechanism c) where the trivalent cation Y (III) is partially substituted by Zn 
(II), (equation 4.2). A higher oxygen vacancy concentration could increase the number of protonic 
carriers formed by hydration (described by equation 1.8) giving a positive boost to conductivity or, 
conversely, lead to negative effects such as poor stability or the formation of associated defects 
that may hinder  protonic migration [8,10,23,24]. It is, therefore, necessary to experimentally test for 
these effects. 
 
Mechanism a:                                                             
(4.1) 
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Mechanism c:                                                               
(4.2) 
    
             
        
  
          
 
                 
                    
  
 
Furthermore, assuming complete solubility of Zn in the perovskite lattice, the adoption of 
mechanism b) may induce sub-stoichiometry on A-site, where Zn is preferentially located on the B-
site due to its more compatible ionic size – equation 4.3.  This may have negative potential impacts 
on performance as in 2010, Yamazaki and his group [7] reported that the presence of Ba-
deficiency in the parent BZY material was responsible for impaired grain growth and conductivity 
depletion. These authors related these effects to subsequent yttrium crossover to the A-site to 
accommodate the Ba vacancies that in turn by would result in a depleted number of oxygen 
vacancies to achieve charge balance.  
 
Mechanism b:                                                             
                  
(4.3) 
          
                 
        
  
            
 
                  
  
                   
  
    
Furthermore, on excess addition of ZnO using substitution mechanism b) Peng et al. [8] observed 
the presence of Y2O3 as a secondary phase. Such yttrium expulsion from the perovskite phase 
may suggest that mechanism c) is the preferred substitution mechanism occurring in these 
materials at high Zn contents, perhaps overriding their nominal stoichiometry or that yttrium is 
expelled from the perovskite phase on extensive Ba-deficiency [7]. Hence, the current work aims to 
provide a detailed analysis of these mechanisms, with special focus on phase purity, potential 
elemental segregation and Zn solubility in the parent perovskite phase. 
When one compares the perovskite tolerance factors of these three possible mechanisms one 
observes that an increase in tolerance factor arises only for mechanism c - fig. 4.1 (note this 
calculation is made for mechanism b assuming total solubility of Zn in the perovskite phase, 
equation 4.3, and partial crossover of yttrium to the A-site to accommodate Ba vacancies) 
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Fig. 4.1 – Tolerance factor comparison between Zn-free BZY and BZY doped with ZnO by three different 
mechanisms: a) BaZr1-x-yZnxYyO3-, b) (1-x) BaZr1-yYyO3-+ x ZnO and c) BaZr1-yYy-xZnxO3- 
 
Links between thermodynamic stability and tolerance factor are well known [25]. According to that 
described in section 1.3.1, the tolerance factor (t) of the ideal cubic close packed perovskite 
structure is that of unity. When distortions from the ideal perovskite configuration are present, “t” 
can be between 0.75 and 1, resulting in lower crystallographic symmetries, offering inferior 
thermodynamic stability and, commonly, also impaired ionic motion [26,27]. 
Babilo et al. [28] highlighted an optimal additive concentration of 4 mol% Zn, which allowed peak 
densification values of 95% that of the theoretical to be attained at 1300ºC, while remaining 
significantly lower than that causing elemental segregation.  
In this work a comparison between the three described mechanisms will be performed for the base 
composition BaZr0.852Y0.148O3- with respect to sintering behaviour and resultant conductivity for a 
fixed Zn content of 4 mol%: BaZr0.852Y0.108Zn0.04O3-mechanism a), 0.96BaZr0.852Y0.148O3-
+0.04ZnO (mechanism b) and BaZr0.812Zn0.04Y0.148O3-mechanism c). It is possible that vast 
differences in conductivity may result due to the changing tolerance factor and associated defect 
chemistry [10,11,18]. 
 
4.1.2 PROCESSING METHODOLOGY  
Zinc oxide was used as a potential sintering additive for BaZr0.852Y0.148O3- (BZY), produced from 
BaO2 (Sigma-Aldrich, 95% purity), ZrO2 (TZ-0Y, TOSOH Co.) and Y2O3 feinst (Herman C. Starck 
Berlin). 4 mol% of ZnO (Sigma-Aldrich , ≥ 99% purity) was added to the system as a one-step 
reaction for Zr- and Y-deficient compositions, such as BaZr0.852Y0.108Zn0.04O3-mechanism a) and 
BaZr0.812Zn0.04Y0.148O3-mechanism c), respectively; and in a two-step process for Ba-deficient 
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composition, 0.96BaZr0.852Y0.148O3-+0.04ZnO (mechanism b). In mechanisms a) and c), 
stoichiometric amounts of BaO2, ZrO2, Y2O3 and ZnO were mixed in a high energy ball mill (650 
rpm for 7 hours). On the other hand, powders of 0.96BaZr0.852Y0.148O3-+ 0.04ZnO (mechanism b) 
were prepared in two steps: starting with the preparation of BaZr0.852Y0.148O3-, synthesized by 
mechanosynthesis under identical conditions, (650rpm for 7 hours); while in the second stage of 
the reaction, the final powder was intimately mixed with stoichiometric amount of 4 mol% of ZnO for 
a further 3 hours at a rotation speed of 200 rpm. 
Green pellets were obtained after being pressed isostatically at 300 MPa for 15 minutes.  
Densification studies were assessed dynamically on green pellets by dilatometer measurements. 
Further assessment of density was assessed on green samples sintered at 1300ºC for 5 hours in 
air. Phase analysis and determination of lattice parameters were performed by X-ray diffraction 
(XRD) coupled with Reitveld refinement. 
Microstructural detail was investigated on polished and thermally etched sintered samples by 
scanning electron microscopy (SEM) and transmission electron microscopy (TEM), using a Philips 
CM200 FEG coupled with STEM-XEDS equipment (Genessis 4000). 
To characterize the electrical properties, measurements were performed on sintered pellets using 
electrodes formed by porous platinum paint. Data were collected on cooling in different flowing dry 
and wet atmospheres: N2 and O2 with repeated experiments performed after 1 hour at each 
temperature to confirm the attainment of stability. The electrical properties were also studied as a 
function of oxygen partial pressure (pO2): various pO2 values, obtained by mixing O2 and N2, were 
used in this work using dwell times of 2 hours under each condition, where stability was confirmed 
by repeated measurements after an additional dwell time of 1 hour. 
 
4.1.3 RESULTS AND DISCUSSION 
4.1.3.1 DENSIFICATION 
The difference in sintering behavior between Zn-free and Zn-doped BZY is particularly evident in 
fig. 4.2 with large gains in densification being offered by the Zn-containing samples. However, 
densification levels are shown to not vary significantly between the three substitutions 
mechanisms.  
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Fig. 4.2 - Densification behaviour of Zn-free and ZnO-doped BZY by three different mechanisms: a) 
BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+ xZnO and c) BaZr0.852Y0.108Zn0.04O3-
 
From fig. 4.2, it is possible to conclude that the presence of zinc promotes densification to ~ 35% 
comparing to the Zn-free material, corresponding to final densities in excess of 98% that of the 
theoretical.  
Fig. 4.3 compares the temperature dependence of the linear shrinkage rate as a function of the 
substitution mechanism on Zn additions. The presence of ZnO produces an increase in the 
maximum shrinkage rate for all mechanisms, while the temperature of maximum shrinkage rate is 
noted to shift to lower temperatures (just below 1300ºC) for mechanisms b) and c). 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.3 - Temperature dependence of the linear shrinkage rate of Zn-free and Zn-modified BaZr0.852Y0.148O3-d 
as a function of substitution mechanism. 
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As evident from fig. 4.3, mechanism a) offers the maximum shrinkage rate of all mechanisms. 
Based on further measurements, after firing fresh pelleted samples with and without ZnO additions 
at 1300ºC for 5 hours, the Zn-free BaZr0.852Y0.148O3- did not reach full density, giving a final density 
lower than 80% that of the theoretical density, in comparison to the ZnO-added samples, which 
were all shown to be above ~ 98% dense.  
 
4.1.3.2 PHASE ANALYSIS AND MICROSTRUCTURE 
Fig. 4.4 shows the XRD patterns of Zn-doped BZY pellets sintered at 1300ºC for 5 hours. A single, 
well crystallized phase was obtained for all the compositions. The identified phase of the ZnO-
added samples is that of the cubic perovskite structure (JCPDS #01-072-7549) which is similar to 
the Zn-free BaZr0.852Y0.148O3- material prepared at 1600ºC for 5 hours, presented by Antunes et al. 
[6]. 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.4 - XRD patterns of sintered pellets of BZY doped with ZnO by three different mechanisms: a) 
BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+xZnO and c) BaZr0.852Y0.108Zn0.04O3-at 1300ºC for 5 
hours. The markers (◊) identify the BaZrO3- based phase (cubic perovskite structure). 
 
No secondary phases and/or impurities were detected in any mechanism at the resolution of the 
XRD technique. The consequence of Zn incorporation into the parent BaZr0.85Y0.15O3- material 
induces lattice parameter changes (fig. 4.5).  
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Fig. 4.5 - Lattice parameters evolution of Zn-free and Zn-modified BaZr0.852Y0.148O3- samples fired at 1300ºC 
for 5 hours. 
 
From fig. 4.5 it is possible to conclude that the lattice parameters of the perovskite oxides are very 
sensitive to the mechanism of Zn-addition. In all cases the lattice parameter of the Zn-containing 
materials is observed to be lower than that of the parent BZY. In the case of mechanism c), this 
decrease in lattice parameter can be explained by the partial substitution of large yttrium cations 
with smaller Zn cations on the perovskite B-site. Conversely, in mechanism a) Zn substitutes Zr 
cations of similar ionic radius. Thus, although the decrease in lattice parameter in mechanism a) is 
small and the lowest of all mechanisms with respect to BZY, the observed decrease cannot result 
from considerations of cation size. However, an alternative explanation can be found on 
considering that Zn-additions in both mechanisms a) and c) function as acceptor dopants that 
promote the formation of oxygen vacancies (described by equations 4.1 and 4.2) in order to 
achieve charge compensation. From the work of Chatzichristodoulou et al. [29] it is known that the 
formation of oxygen vacancies can lead to a decrease in lattice parameter due to a slightly smaller 
effective radius of an oxide-ion vacancy than that of an oxide-ion, a trend that is in agreement with 
the current result. In the case of mechanism b), Yamazaki et al. [7] have shown that with increasing 
Ba deficiency in the parent BZY phase the lattice constant monotonically decreases. Thus, the 
decrease in the lattice parameter in the sample formed by mechanism b) can also be attributed to 
the creation of barium deficiency upon Zn solubility into the perovskite phase, as described by 
equation (4.3).  
From the scanning electron microscopy (SEM) images the microstructure of Zn-modified BZY 
sintered samples show high levels of densification (fig. 4.6), independent of the Zn-addition 
mechanism. The images (examined in combination with EDS chemical analysis) furthermore reveal 
that BZY doped with ZnO systems are free of secondary phases at this additive level in agreement 
with the work of Babilo et al. [28]. 
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Fig. 4.6 - SEM surface micrograph of sintered (1300ºC, 5 hours) Zn-modified BaZr0.85Y0.15O3- as a function of 
substitution mechanism: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO and c) 
BaZr0.852Y0.108Zn0.04O3- 
 
For comparative purposes, Fig. 4.7 shows a scanning electron micrograph (SEM) of Zn-free 
BaZr0.852Y0.148O3- sintered at 1300ºC for 5 hours. From the picture it is possible to conclude that 
BZY system has considerable porosity after sintering at this low temperature, confirming that 
densification is far from being complete. As previously mentioned at 1300ºC, the density of un-
modified BZY is lower than 80%, while zinc oxide is shown to be an effective sintering aid for BZY, 
reducing sintering temperatures (from 1600ºC to 1300ºC) and reaching full densities at this lower 
temperature of 98% dense. In comparison Zn-free BZY must be sintered at much higher 
temperatures to achieve similar densities, for example ~ 90% of theoretical density at 1600ºC for 5 
hours [6]. 
 
Fig. 4.7 - SEM surface micrographs of Zn-free BZY sintered sample at 1300ºC for 5 hours: a) low 
magnification (600 x) and b) high magnification (20000 x). 
 
Despite the fact that all Zn-containing materials are shown to be fully dense, the mechanism of 
ZnO addition is noted to have distinct impacts on resultant microstructure. This is highlighted by 
table 4.1 that shows that different mechanisms lead to different grain growth with larger grain size 
being obtained from mechanisms a) and c). Nonetheless, all samples show unimodal grain size 
distributions (fig. 4.8). 
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Table 4.1 - Average grain sizes of un-modified and Zn-modified BZY sintered samples (1300ºC, 5 hours), 
calculated from SEM images. 
Sample Grain size (nm) 
BaZr0.812Zn0.04Y0.148O3-d (mechanism a) 479.4 ± 21.8 
0.96BaZr0.852Y0.148O3-d+0.04ZnO (mechanism b) 145.6 ± 8.2 
BaZr0.852Y0.108Zn0.04O3-d (mechanism c) 536.6 ± 22.3 
 
Fig. 4.8 - Grain size distribution for sintered Zn modified BZY samples: a) BaZr0.812Zn0.04Y0.148O3- - 
mechanism a, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO - mechanism b, and c) BaZr0.852Y0.108Zn0.04O3-- mechanism 
c. 
 
Mirroring that noted in the literature for the parent BZY material, the formation of Ba-deficiency by 
mechanism b) leads to depleted grain growth [7]. One can hypothesize that impairment of grain 
growth on increasing barium loss may arise due to the segregation of secondary phases, such as 
Y2O3 to the grain boundary, that pin grains preventing growth [30] or, alternatively, due to a 
decrease in cation diffusion rates [7]. The latter analogy implies that Ba-deficiency would be 
partially accommodated by dopant partitioning across the A and B sites, leading to resultant 
decreases in point defect concentrations and impairment of grain growth [31,32]. 
Additionally, the distribution of Zn within the polycrystalline perovskite can also justify the 
differences in grain size of Zn-modified BZY samples. While the XRD and SEM studies indicate 
that all the samples do not show any bulk secondary phases, which may have served to enhance 
sintering, these techniques provide little information about Zn distribution, i.e., if there is any 
difference in Zn concentration between bulk (grain interiors) and grain boundary regions. Figure 4.9 
shows examples of the transmission electron microscopic images (TEM) of samples of each Zn-
addition mechanism. The yellow and red squares represent the points where the chemical analysis 
for Zn distribution was performed. The qualitative analysis was made by STEM-XEDS analysis of 
50 points inside the grain interiors (bulk) and 30 points at the grain boundaries and triple points. 
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Table 4.2 summarises these results to clarify the Zn distribution in each sample for each 
mechanism. 
 
Fig. 4.9 – Scanning transmission electron microscopic images of sintered (1300ºC, 5 hours) Zn-modified 
BaZr0.85Y0.15O3- as a function of substitution mechanism: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-
+0.04ZnO and c) BaZr0.852Y0.108Zn0.04O3- 
 
Table 4.2 - Chemical compositional comparison of the bulk and Grain Boundary/Triple points in the Zn-
modified BZY sintered samples (1300ºC, 5 hours), calculated from TEM/STEM images. 
Sample Bulk (atomic %) 
Grain boundary / Triple points 
(atomic %) 
BaZr0.812Zn0.04Y0.148O3- (mechanism a) 1.183 ± 0.170 2.644 ± 1.481 
0.96BaZr0.852Y0.148O3-+0.04ZnO (mechanism b) 0.882 ± 0.227 6.128 ± 1.565 
BaZr0.852Y0.108Zn0.04O3- (mechanism c) 0.944 ± 0.225 2.417 ± 1.851 
 
From table 4.2 it is possible to conclude that there are no significant differences in the amount of 
zinc inside the grains (bulk) for all Zn-added mechanisms and that this concentration is close to the 
expected stoichiometry for the additive level of 4mol% Zn (~0.8 atomic %). In contrast, there is a 
distinct enrichment of Zn in the grain boundary of all the samples, which previously has been 
suggested to be responsible for the enhanced densification behavior [10]. However, in light of the 
chemical analysis, mechanism b) shows much larger differences in Zn amounts between bulk and 
grain boundaries/triple points than the other mechanisms, having substantial concentrations of Zn 
at the grain boundary. This segregation of Zn in this mechanism could affect electrical 
conductivities as well as possibility being responsible for the reduced grain size of this mechanism. 
In this respect, this behaviour was also described by Caballero et al. [33] for small Zn additions to 
BaTiO3 where, besides the improvement in densification, the similar coating of grains by ZnO 
dramatically inhibited grain growth.  
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4.1.3.3 ELECTRICAL MEASUREMENTS 
The conductivity behavior of the Zn-modified BZY samples was assessed by A.C. impedance 
spectroscopy under wet N2 and O2 atmospheres. Example impedance spectra for these 
compositions are shown in figure 4.10. Impedance spectra were fitted by a series combination of 
distributed RQ elements, where the fitting parameters extracted for each distributed arc are the 
resistance value, R, the pseudocapacitance Q, of the constant phase element and the parameter n, 
parameters that can be related to the true capacitance by the equation (4.4):  
 
    
   
  
 
  (4.4) 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.10 - Typical impedance spectra and respective equivalent circuit measured at 250°C in wet nitrogen 
atmospheres Zn-modified BaZr0.85Y0.15O3- from mechanism a) - BaZr0.812Zn0.04Y0.148O3-. Inset image shows 
the impedance spectra measured at lower temperatures (100ºC) in wet nitrogen atmosphere of Zn-modified 
BaZr0.85Y0.15O3- from mechanism a) - BaZr0.812Zn0.04Y0.148O3-, showing the bulk response at higher Z’ 
frequencies. 
 
The inset of the figure shows a typical impedance response measured at low temperature (100ºC) 
consisting of a bulk response, observable at high frequency, with capacitance values in the pF/cm
2
 
range, followed by a partial grain boundary response at lower frequencies. In contrast, the main 
image of fig.4.10 shows example impedance spectra measured at a more elevated temperature 
(250ºC) under similar conditions. At such higher temperatures, the bulk response becomes 
unresolvable in the frequency window of the experiment and is revealed only as an offset along the 
real Z’ axis at the highest frequency, while intermediate to low frequencies reveal the grain 
boundary response, with capacitance values in the range 10
-10
-10
-9
 F/cm
2
. Correspondingly, the 
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impedance responses were modeled by the equivalent circuit presented in the images. The total 
conductivity was taken as the sum of the bulk and grain boundary components.  
Figures 4.11 and 4.12  show the temperature dependences of the extracted total and bulk 
conductivities of the Zn containing samples and those of the base BZY composition measured 
under wet O2 and wet N2 atmospheres, respectively. In the plotted temperature range (100ºC-
400ºC), the total conductivity is shown to be significantly lower than that of the bulk, highlighting a 
dominant grain boundary contribution to total conductivity. The activation energies of the bulk 
response are calculated to be similar for compositions mechanism a) and c), with values in the 
region of 0.41-0.45eV under all atmospheres, Table 4.3 in agreement with that of the un-doped 
material BZY; values that can be considered characteristic of proton conduction [34]. In contrast 
the respective activation energy for mechanism b) is shown to be slightly lower than the other Zn-
containing samples. The total conductivities of all Zn-containing materials appear to converge at 
the highest temperature measured in all conditions and to be lower than that of the un-doped BZY 
material, whereas bulk conductivity is marginally higher in the Zn-free BZY and Zn-modified BZY in 
mechanism b) samples at the lowest temperatures.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.11 - Temperature dependence of the extracted total and bulk conductivities of the Zn-free and Zn-
modified BZY samples measures in wet O2 atmospheres. 
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Fig. 4.12 - Temperature dependence of the extracted total and bulk conductivities of the Zn-free and Zn-
modified BZY samples measures in wet N2 atmospheres. 
 
In order to discuss the much larger grain boundary contribution to total conductivity, it is necessary 
to firstly normalize the data to accommodate the differing grain sizes of the samples noted 
previously in section 4.1.3.2. To this end, the term gb* = gb/D is introduced, where gb is the 
uncorrected grain boundary conductivity and D is the mean grain size of each dense ceramic 
calculated by SEM assessment, table 4.1 (note that for Zn-free BZY samples the mean grain size 
was considered to be around 910 nm, as described by Antunes et al. [6]). This approach is typically 
used in the literature to provide an estimation of the characteristic grain boundary properties 
independent of variations in microstructure on the assumption that the proportionally factor of the 
grain boundary thickness remains effectively constant [7]. The normalized grain boundary 
conductivity is shown in figures 4.13 and 4.14 as a function of temperature in wet O2 and N2 
atmospheres, respectively. The figures highlight that the Zn-containing samples all offer higher 
normalized grain boundary conductivities with increasing temperature than the Zn-free BZY 
material, due to possessing significantly higher activation energies for conduction, table 4.3. This 
phenomenon is most likely to be related to the segregation of Zn to the grain boundaries of these 
materials, as observed by chemical composition calculated from TEM/STEM (table 4.2) analysis in 
the previous section 4.1.3.2. In this respect it should be noted that ZnO is reported to be an n-type 
electronic conductor with a conduction mechanism traditionally explained to result from the 
presence of oxygen vacancies or zinc interstitials [35]. In support of this suggestion, the sample 
recorded to contain the largest quantity of Zn located in the grain boundary, Zn-modified BZY from 
mechanism b), section 4.1.3.2, shows a distinct increase in activation energy on moving to the 
more reducing wet N2 conditions to yield an activation energy for this composition that notably 
exceeds that of the other Zn samples under this atmosphere, table 4.3, as would be expected for 
an increasing n-type electronic contribution to grain boundary conductivity.  
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Fig. 4.13 - Temperature dependence of the normalized grain boundary conductivity (gb* = gb/D) of the Zn-
free and Zn-modified BZY samples measures in wet O2 atmospheres.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.14 - Temperature dependence of the normalized grain boundary conductivity (gb* = gb/D) of the Zn-
free and Zn-modified BZY samples measures in wet N2 atmospheres.  
 
The differing grain boundary activation energies of the samples, coupled with their respective 
differences in grain sizes, leads their total conductivities to be relatively similar at the highest 
temperatures of figures 4.11 and 4.12, despite an initially lower conductivity of the mechanism b) 
sample measured at low temperatures. Figures 4.11 and 4.12 further highlight that the bulk 
conductivity takes an increasing important role in the total conductivity with increasing temperature, 
due to its substantially lower activation energy for conduction than that of the grain boundary (table 
4.3).   
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Table 4.3 - Activation energies of total (Eatotal), bulk (Eabulk) and normalized grain boundary (Eagb*, calculated 
from the normalized grain boundary conductivity: gb* = gb/D) of the Zn-free and Zn-modified BZY samples 
measures in wet O2 and N2 atmospheres, measured at low temperatures (100ºC - 350ºC). 
Sample 
Wet O2 Wet N2 
Eatotal    
(eV) 
Eabulk    
(eV) 
Eagb*    
(eV) 
Eatotal    
(eV)
Eabulk    
(eV) 
Eagb*    
(eV) 
BaZr0.852Y0.148O3- (Zn-free) 0.64 ± 0.01 0.44 ± 0.01 0.66 ± 0.01 0.64 ± 0.01 0.42 ± 0.02 0.66 ± 0.01 
BaZr0.812Zn0.04Y0.148O3- 
(mechanism a) 
0.89 ± 0.01 0.45 ± 0.01 0.92 ± 0.02 0.85 ± 0.02 0.43 ± 0.01 0.88 ± 0.02 
0.96BaZr0.852Y0.148O3-
+0.04ZnO (mechanism b) 
0.92 ± 0.03 0.39 ± 0.02 0.93 ± 0.03 0.92 ± 0.04 0.39 ± 0.02 0.99 ± 0.04 
BaZr0.852Y0.108Zn0.04O3- 
(mechanism c) 
0.85 ± 0.03 0.43 ± 0.01 0.88 ± 0.04 0.83 ± 0.02 0.43 ± 0.01 0.85 ± 0.03 
 
The oxide-ion vacancies and electron-holes that form due to charge compensation of the acceptor 
dopants in these materials may be replaced by protons in a water- and/or hydrogen-containing 
atmosphere at elevated temperatures. The concentrations of each of these defects have a 
functional dependency on both oxygen and water vapour partial pressure (pO2 and pH2O, 
respectively), as well as on temperature, so that the nature of the defect concentration profiles 
relies on external equilibrium. It is important, therefore, for the defect structure of protonic 
conductors to be clearly understood because both transport and thermodynamic properties are 
strongly influenced by the nature of the defect system [36]. In order to investigate these 
phenomena in more depth, the relative conductivities of holes, oxide-ions and protons are 
separated in the subsequent section (4.1.3.4) using the experimental method of Lim et al. [37] and 
Baek [38] in the temperature range (600ºC - 800ºC) for which the role of the bulk conductivity 
becomes more significant. 
The addition of ZnO can generate different point defects which give rise to improved oxygen 
vacancy concentration and, therefore, can influence the effective concentration of protons able to 
participate in the charge transport process. In order to describe the defect chemistry of the 
mechanisms of Zn addition, equations 4.1, 4.2 and 4.3, are simplified by the general composition 
Ba1-zZr1-x-yZnxYyO3-, where z is the effective A-site deficiency and x and y are the Zn and Y 
contents on the B-site, respectively, In this way the studied Zn-containing compositions can be 
described by equations 4.5, 4.6 and 4.7, upon the assumption that Zn is fully soluble in the bulk 
material in each case. 
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Mechanism a:                     (4.5) 
where x = 0.04, y = 0.15 and z = 0. 
 
Mechanism b:                          (4.6) 
where x = 0.038, y = 0.144 and z = 0.038. 
 
Mechanism c:                     (4.6) 
where x = 0.04, y = 0.11 and z = 0. 
 
4.1.3.4 TRANSPORT PROPERTIES 
In order to elucidate the conductivity mechanism, the electrical properties of Zn-modified BZY 
samples were studied in various oxygen and water vapor atmospheres as a function of 
temperature. Analytical analysis, based on the proposed defect structure of the material, was 
performed using plots of total conductivity, total vs pO2
1/4
. 
 
Defect chemistry 
Hydration of oxygen vacancies present in a ceramic oxide proton conductor when exposed to water 
containing atmospheres can be described by the following (equation 1.8) [23,39]: 
 
       
    
  
  
     
  (1.8) 
 
where the equilibrium constant for the exchange of water (hydration) - KH, is given by: 
 
    
    
   
   
         
 (4.7) 
 
This reaction is accompanied by the competing equilibrium of oxygen vacancies and gaseous 
oxygen from the surrounding atmosphere producing electron-holes, described by equation 4.8 [39]: 
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where the corresponding equilibrium constant – Kh, is given by: 
 
    
  
   
       
   
 
 (4.9) 
 
From these basic equations and the effective charge neutrality condition for an acceptor dopant 
single negative effective charge, the conductivity behaviour of a typical high-temperature proton 
conductor (HTPC) containing a 3+ acceptor dopant, such as Y, was described by Lim et al. [37] 
and Baek [38], based on relations modified from those originally published by Frade [40]. These 
authors showed that the partial conductivities of each charge carrier could be described by the 
following formulas:  
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   (4.12) 
 
Where     
  is the protonic conductivity at pH2O = 1atm,  p
  is the hole conductivity at pO2 = 1 atm 
and  pH2O = 0 atm,    
  
  is the oxygen ion conductivity when  pH2O = 0 atm and α is a constant 
determined by the following relationship: 
 
  
   
  
 (4.13) 
 
where    
   
 
 
  
    
 
 is the concentration of the singly charged acceptor dopant, VM is the molar 
volume of the system and KH is the equilibrium constant corresponding to hydration (equation 4.7). 
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The experimental method of these authors involved measuring the conductivity of the mixed 
conductor as a function of partial pressure of oxygen over a wide temperature range. In the case of 
proton conductors, the defect concentration is controlled by the acceptor dopant concentration. 
Therefore, the ionic conductivity is usually independent of oxygen partial pressure. On the contrary, 
the electron or electron-hole conductivity varies significantly with oxygen partial pressure with the 
electronic defect concentration being significantly influenced by small deviations in the material 
composition with respect to oxygen. Thus, the contributions of ionic and electronic conductivities 
and transport number as well as the ionic conduction domain could be assessed by measuring the 
conductivity as a function of pO2 and temperature by fitting experimental data to an acceptable 
defect model [41]. 
In the present case, equations 4.1, 4.2 and 4.3 highlight the presence of three different negatively 
charged species that can be involved in the defect chemistry,     
  
,    
  
 and    
 
 for the Zn-
containing BZY materials. 
Thus, the electroneutrality equation for the current compositions must include these species to be 
given by the relationship: 
 
    
               
        
         
         
   (4.14) 
 
which for the case that p <<     
    can be simplified to 
 
    
             
        
         
         
   (4.15) 
 
From equations 4.7, 4.8 and 4.15 it can be deduced that the equations of Lim et al. [37] and Baek 
[38] (equations 4.10 to 4.13) continue to hold for the present materials, with the minor modification 
that  
 
    
         
         
         
   
     
 (4.16) 
 
to reflect the more extensive electroneutrality equation 4.15. Based on equations 4.5, 4.6 and 4.7, 
this relationship can be written as 
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 (4.17) 
where, x, y, and z describe the compositions formed by each Zn addition mechanism.  
 
The total conductivity is given by the sum of the partial conductivities: 
                       (4.18) 
 
Equations 4.10 to 4.12 highlight that only p shows direct dependency on pO2 and, thus, total 
conductivity can be represented by: 
 
               
 
   (4.19) 
where               and      
       
    
 
 
 
  
   
    
 
 
 
  
 . 
 
From equations 4.10 and 4.11, the intercept ( ) can be written as: 
 
       
       
 
    
 
 
  
      
    
      
 
     
        
       
 
    
 
 
  
    
 
  
    
 
  (4.20) 
 
By measuring the gradients of plots of total vs pO2
1/4
 at two different water vapor pressures (pH2O,1 
and pH2O,2,  can be determined from the ratio of two gradients as follows: 
 
  
  
  
     
      
  
 
  
   
      
  
 
  
 
     
      
  
 
  
   
      
  
 
  
 
 (4.21) 
 
After determination of , p
*
 and KH can be calculated. Additionally, by measuring the intercepts of 
plots of total vs pO2
1/4
 measured at two different water vapor pressures, the constants     
  and 
     
  can be determined.  
ELECTROLYTES FOR CERAMIC OXIDE FUEL CELLS 
 
84  
 
When the constantsp
*
,    
 ,      
  and  are known, the partial conductivities and total conductivity 
can subsequently be obtained [37,38,40]. 
The experimental plots of total conductivity against pO2
1/4
 measured in dry and wet atmospheres 
are shown in figures 4.15 and 4.16, respectively. 
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Fig. 4.15 - Total conductivity of Zn-modified BZY vs pO2
1/4
 under dry conditions (pH2O = 1.66 x 10
-5
 atm) at 
various temperatures: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO and c) 
BaZr0.852Y0.108Zn0.04O3- 
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Fig. 4.16 - Total conductivity of Zn-modified BZY vs pO2
1/4
 under wet conditions (pH2O = 0.033 atm) at 
various temperatures: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO and c) 
BaZr0.852Y0.108Zn0.04O3- 
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Excellent linear relationships between total and pO2
1/4
 suggested that the described defect model is 
valid for the current material. In dry conditions (fig. 4.15), the results also show that the relationship 
betweentotal and pO2
1/4
 tends to for the same value intercept, being effectively zero in 
mechanisms a) and c). These results suggest that under these extremely dry conditions (obtained 
using a commercial Varian moisture filter) both oxygen vacancy conductivities,  
  
  
 , and proton 
conductivity     
 are effectively negligible.  
The gradients and intercepts of total and pO2
1/4
 obtained by linear fitting are reported in tables 4.4, 
4.5 and 4.6. The extracted values of the gradients (related to hole conduction) can be observed to 
be greater and with lower value intercepts (related to ionic conduction) in dry conditions than in wet 
conditions. From equation 4.20, this behavior suggests that the hole contribution to total 
conductivity increases, while the ionic contribution decreases with decreasing pH2O.  
 
Table 4.4 - The gradients and intercepts of total and pO2
1/4 
obtained by linear fitting for 
BaZr0.812Zn0.04Y0.148O3- (mechanism a). 
Temperature 
(°C) 
Dry conditions 
(pH2O = 1.66 x 10
-5
 atm) 
Wet conditions 
(pH2O = 0.033 atm) 
Gradient (b)     
(S.cm
-1
.atm
-1/4
) 
Intercept (a)    
(S.cm
-1
) 
Gradient (b)    
(S.cm
-1
.atm
-1/4
) 
Intercept (a) 
(S.cm
-1
) 
600 0.0129 ~0 0.0012 0.0016 
650 0.0210 ~0 0.0023 0.0017 
700 0.0317 ~0 0.0038 0.0021 
750 0.0457 ~0 0.0141 0.0021 
800 0.0635 ~0 0.0205 0.0034 
 
  
ELECTROLYTES FOR CERAMIC OXIDE FUEL CELLS 
 
88  
 
Table 4.5 - The gradients and intercepts of total and pO2
1/4 
obtained by linear fitting for 0.96BaZr0.852Y0.148O3-
+0.04ZnO (mechanism b). 
Temperature 
(°C) 
Dry conditions 
(pH2O = 1.66 x 10
-5
 atm) 
Wet conditions 
(pH2O = 0.033 atm) 
Gradient (b)     
(S.cm
-1
.atm
-1/4
) 
Intercept (a)    
(S.cm
-1
) 
Gradient (b)    
(S.cm
-1
.atm
-1/4
) 
Intercept (a) 
(S.cm
-1
) 
600 0.0042 0.00001 0.0016 0.0016 
650 0.0067 0.0002 0.0032 0.0019 
700 0.0098 0.0004 0.0058 0.0020 
750 0.0136 0.0006 0.0087 0.0025 
800 0.0167 0.0015 0.0120 0.0033 
 
Table 4.6 - The gradients and intercepts of total and pO2
1/4 
obtained by linear fitting for 
BaZr0.852Y0.108Zn0.04O3- (mechanism c). 
Temperature 
(°C) 
Dry conditions 
(pH2O = 1.66 x 10
-5
 atm) 
Wet conditions 
(pH2O = 0.033 atm) 
Gradient (b)     
(S.cm
-1
.atm
-1/4
) 
Intercept (a)    
(S.cm
-1
) 
Gradient (b)    
(S.cm
-1
.atm
-1/4
) 
Intercept (a) 
(S.cm
-1
) 
600 0.0093 ~0 0.0022 0.0035 
650 0.0145 ~0 0.0049 0.0041 
700 0.0217 ~0 0.0097 0.0047 
750 0.0309 ~0 0.0173 0.0048 
800 0.0432 ~0 0.0247 0.0067 
 
 
From the gradients of total and pO2
1/4
 at two different water pressures, was calculated for each 
temperature and the water uptake equilibrium constant, KH, was calculated (tables 4.7, 4.8 and 
4.9).  
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Table 4.7 – Calculated , KH, p
*
,    
 ,      
  at different temperatures for BaZr0.812Zn0.04Y0.148O3- 
(mechanism a). 
Temperature 
(°C) 
 
(atm) 
KH 
(atm
-1
.cm
-3
) 
p
*
 
(S.cm
-1
) 
    
  
(S.cm
-1
) 
     
  
(S.cm
-1
) 
600 8.89 x 10
-4
 2.77 x 10
+25
 1.47 x 10
-2
 1.61 x 10
-3
 ~0 
650 1.32 x 10
-3
 1.87 x 10
+25
 2.34 x 10
-2
 1.72 x 10
-3
 ~0 
700 1.61 x 10
-3
 1.53 x 10
+25
 3.50 x 10
-2
 2.12 x 10
-3
 ~0 
750 1.43 x 10
-2
 1.72 x 10
+24
 4.73 x 10
-2
 2.30 x 10
-3
 ~0 
800 1.59 x 10
-2
 1.55 x 10
+24
 6.55 x 10
-2
 3.75 x 10
-3
 ~0 
 
Table 4.8 – Calculated , KH, p
*
,    
 ,      
  at different temperatures for 0.96BaZr0.852Y0.148O3-+0.04ZnO 
(mechanism b). 
Temperature 
(°C) 
 
(atm) 
KH 
(atm
-1
.cm
-3
) 
p
*
 
(S.cm
-1
) 
    
  
(S.cm
-1
) 
     
  
(S.cm
-1
) 
600 2.45 x 10
-2
 1.29 x 10
+24
 4.31 x 10
-3
 1.84 x 10
-3
 8.01 x 10
-6
 
650 4.80 x 10
-2
 6.61 x 10
+23
 6.82 x 10
-3
 2.38 x 10
-3
 1.18 x 10
-4
 
700 1.04 x 10
-1
 3.05 x 10
+23
 9.92 x 10
-3
 2.79 x 10
-3
 3.38 x 10
-4
 
750 1.47 x 10
-1
 2.15 x 10
+23
 1.37 x 10
-2
 3.69 x 10
-3
 5.32 x 10
-4
 
800 2.78 x 10
-1
 1.14 x 10
+23
 1.68 x 10
-2
 4.90 x 10
-3
 1.44 x 10
-3
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Table 4.9 – Calculated , KH, p
*
,    
 ,      
  at different temperatures for BaZr0.852Y0.108Zn0.04O3- 
(mechanism c). 
Temperature 
(°C) 
 
(atm) 
KH 
(atm
-1
.cm
-3
) 
p
*
 
(S.cm
-1
) 
    
  
(S.cm
-1
) 
     
  
(S.cm
-1
) 
600 7.52 x 10
-3
 2.72 x 10
+24
 9.73 x 10
-3
 3.68 x 10
-3
 ~0 
650 1.78 x 10
-2
 1.15 x 10
+24
 1.49 x 10
-2
 4.57 x 10
-3
 ~0 
700 3.88 x 10
-2
 5.27 x 10
+23
 2.21 x 10
-2
 5.76 x 10
-3
 ~0 
750 8.28 x 10
-2
 2.47 x 10
+23
 3.14 x 10
-2
 6.76 x 10
-3
 ~0 
800 9.01 x 10
-2
 2.27 x 10
+23
 4.38 x 10
-2
 9.61 x 10
-3
 ~0 
 
The temperature dependence of the equilibrium constant of water dissolution of each mechanism is 
shown in figures 4.17, 4.18 and 4.19. The standard solution enthalpy for water uptake for each 
mechanism was determined according to the slope of ln(K) vs. 1000/T. These values are -125.5 
kJ/mol for mechanism a), -93.4 kJ/mol for mechanism b) and -102.3 kJ/mol for mechanism c). 
These values are lower in absolute terms than that of BaZr0.85Y0.15O3-δ, -83.4 kJ/mol [42] which are 
in agreement with the expected trends shown in the literature since the occupation of perovskite 
proton conductors with Zn would induce more negative hydration enthalpies due to the higher 
basicity levels of the corresponding oxides [37,43]. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.17 – The equilibrium constant of hydration as a function of temperature mechanism a): 
BaZr0.812Zn0.04Y0.148O3-. 
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Fig.4.18 – The equilibrium constant of hydration as a function of temperature mechanism b): 
0.96BaZr0.852Y0.148O3-+0.04ZnO. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.19 – The equilibrium constant of hydration as a function of temperature mechanism c): 
BaZr0.852Y0.108Zn0.04O3- 
 
From figures 4.17 to 4.19 it is expected that the concentration of protons decreases with increasing 
the temperature due to the exothermic water dissolution [37]. 
By determination of the constants     
 
 ,    
  
   and , reported in tables 4.7, 4.8 and 4.9, the partial 
conductivities of protons, oxygen vacancies and holes can be calculated using equations 4.10 to 
4.12, at different temperatures and atmospheres. Figures 4.20 and 4.21 shows the calculated 
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dependences of partial conductivities as a function of the water vapour pressure under N2 and O2 
atmospheres at 600°C and 800°C, respectively. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.20 – Total and partial conductivities dependence of Zn-modified samples vs pH2O under different 
atmospheres (N2 and O2) at 600ºC: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO and c) 
BaZr0.852Y0.108Zn0.04O3- 
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Fig. 4.21 – Total and partial conductivities dependence of Zn-modified samples vs pH2O under different 
atmospheres (N2 and O2) at 800ºC: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO and c) 
BaZr0.852Y0.108Zn0.04O3- 
 
From figures 4.20 and 4.21 it is clear that under O2 conditions and high temperatures, the total 
conductivity is strongly dominated by the hole conductivity, while proton conductivity is dominant 
only at temperatures below 600°C and high water vapour pressures. Conversely, in a nitrogen 
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atmosphere, proton conductivity is observed to be dominant for both temperatures and is shown to 
increase as pH2O increases. In all cases oxide-ion conductivity is noted to be negligible. These 
results highlights the competitive nature of hydration, equation 1.8, and the production of holes, 
equation 4.8, a feature that is common for such perovskite ceramic proton conductors [2,43]. 
According to the figures 4.20 and 4.21, mechanism b) shows the lowest total conductivity in all 
conditions while, mechanisms a) and c) typically show similar and higher conductivities.  
The low conductivity levels of mechanism b) can be explained by possible partitioning of yttrium 
over the A and B-sites to combat the induced Ba deficiency that would be expected to arise on Zn 
solubility in the BZY matrix, equation 4.2. Such a suggestion has previous been offered to account 
for the lower conductivity measured in Ba deficient BZY materials in the literature [7,44] Such 
crossover of yttrium to the A-site would deplete the oxygen vacancy concentration, lowering both 
the number of holes and/or the extent of hydration by equations 4.8 and 1.8, respectively.  
The partial conductivities of protons, oxygen vacancies and holes measured under oxygen or 
nitrogen atmospheres at pH2O = 0.033 atm. are shown in figure 4.22 in the form of Arrhenius plots 
for each mechanism. It is clear that, in an oxygen atmosphere, p-type electronic conductivity 
dominates the total conductivity across almost all the temperature range. In contrast, protonic 
conductivity is shown to dominate the total conductivity in nitrogen atmosphere. In all cases oxide-
ion conductivity is negligible, as previously noted, and is, therefore, not plotted. 
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Fig. 4.22 – Total and partial conductivities of Zn-modified BZY vs reciprocal temperature at pH2O = 0.033 atm 
in O2 and N2 atmospheres:  a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-+0.04ZnO and c) 
BaZr0.852Y0.108Zn0.04O3-
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The activation energies calculated from ln( T) vs. 1000/T plots (figure 4.22) are shown in table 
4.10 and are observed to be similar between N2 and O2 atmospheres. Nonetheless, the activation 
energies of protonic and p-type conduction is noted to increase in the order mechanism b) < 
mechanism c) < mechanism a), indicating a decrease in the mobility of both protons and holes in 
this sequence. This result concurs with the bulk activation energy trends measured at lower 
temperatures in table 4.3, reinforcing the importance of the bulk response in the total conductivity 
measured at these higher temperatures. 
The activation energies for proton conduction in all the mechanisms are lower than the previously 
reported for barium zirconates (0.44 eV) [34] measured at low temperatures. While, the activation 
energies for hole conduction are of similar magnitude to those previously reported in the literature 
[43,45]. 
 
Table 4.10 – Activation energies (Ea) calculated at pH2O =  0.033 atm in oxygen and nitrogen atmospheres of 
studied Zn-modified systems: mechanism a) - BaZr0.812Zn0.04Y0.148O3-, mechanism b) - 0.96BaZr0.852Y0.148O3-
+0.04ZnO and mechanism c) - BaZr0.852Y0.108Zn0.04O3-
Sample 
Wet O2 
(pH2O = 0.033 atm) 
Wet N2 
 (pH2O = 0.033 atm) 
Ea      (eV) Ea    (eV) Ea      (eV) Ea    (eV) 
BaZr0.812Zn0.04Y0.148O3- (mechanism a) 0.36 ± 0.03 1.29 ± 0.02 0.36 ± 0.02 1.29 ± 0.02 
0.96BaZr0.852Y0.148O3-+0.04ZnO (mechanism b) 0.27 ± 0.01 0.90 ± 0.01 0.27 ± 0.01 1.00 ± 0.03 
BaZr0.852Y0.108Zn0.04O3- (mechanism c) 0.31 ± 0.02 1.07 ± 0.01 0.31 ± 0.02 1.07 ± 0.01 
 
4.1.3.5 CHEMICAL STABILITY 
The influence of ZnO on the chemical stability of yttrium-doped barium zirconate was also 
investigated in this work. According to the electrical conductivity measurements, Zn-modified 
samples show a stable behaviour under oxidizing conditions under the operation temperatures. 
However, the stability of zinc in reducing operating conditions is under question. According to the 
thermodynamic tables - Ellingham diagram (fig. 4.23) [46], all the successful transition element 
sintering additives (Cu, Co, Ni and Zn) can be predicted to be susceptible to reduction under 
normal conditions [10,11]. 
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Fig. 4.23 – The Ellingham diagram of metal oxides (adapted from [46]). 
 
Moreover, figure 4.24 highlights that under increasing temperature and/or lowering oxygen partial 
pressure the vapor partial pressure of zinc increases sharply, predicting potential Zn losses under 
these conditions. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.24 – The dependence of the zinc partial pressure on temperature and oxygen pressure (adapted from 
[47]). 
 
Indeed, results cycling from oxidizing to reducing then back to oxidizing conditions at high 
temperatures (900ºC) show permanent impairment of conductivity for these materials. In order to 
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understand this phenomenon scanning electron microscopy has been performed on reduced 
samples (fig. 4.25).  
 
Fig. 4.25 - SEM surface micrograph of reduced (900ºC, 5 hours, flowing 10%H2 : 90%N2) Zn modified 
BaZr0.85Y0.15O3- as a function of substitution mechanism: a) BaZr0.812Zn0.04Y0.148O3-, b) 0.96BaZr0.852Y0.148O3-
+0.04ZnO and  c) BaZr0.852Y0.108Zn0.04O3- 
 
The resultant microstructures show some interesting differences: mechanisms a) and c) are shown 
to retain the dense ceramic but clear segregation phases are detected on the surface of these 
materials, figures 4.25 a) and 4.25 b). According to EDS (chemical analysis) measurements, the 
composition of the segregated phases are mainly constituted by barium and zinc (the amount of Zr 
and Y is reduced in these parts), while the underlying dense bulk sample is mainly composed by 
Ba, Zr, and Y (fig. 4.26 and 4.27).  
 
Fig. 4.26 - (a) SEM surface micrograph of reduced BaZr0.812Zn0.04Y0.148O3- (900ºC, 5 hours, flowing 10%H2 : 
90%N2) and the correspondent energy spectra of (b) dense and (c) segregated phases – mechanism a). 
 
Fig. 4.27 - (a) SEM surface micrograph of reduced BaZr0.852Y0.108Zn0.04O3- (900ºC, 5 hours, flowing 10%H2 : 
90%N2) and the correspondent energy spectra of (b) dense and (c) segregated phases – mechanism c). 
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On the contrary, the microstructure of samples in mechanism b) shows two distinct zones: a 
uniform part showing high densification levels and a newly formed “rough” zone with some pores 
and large glassy phases (fig 4.28). Nonetheless, chemical analysis measurements show 
homogeneous distribution of all the elements (Ba, Zr, Y and Zn) in both zones (fig. 4.29). 
Unfortunately, variation in the composition of the bulk ceramic and the glassy phase was unable to 
be ascertained under the resolution of the current EDS technique, due to interference with the 
composition of the underlying material. Further work is, therefore, necessary to fully understand 
this segregation.  
 
Fig. 4.28 - (a) SEM surface micrographs of (a) the “rough” zone of the reduced 0.96BaZr0.852Y0.148O3-
+0.04ZnO (900ºC, 5 hours, flowing 10%H2 : 90%N2) and (b) its glassy phases. 
 
Fig. 4.29 - (a) SEM surface micrograph of reduced 0.96BaZr0.852Y0.148O3-+0.04ZnO (900ºC, 5 hours, flowing 
10%H2 : 90%N2) and the correspondent energy spectra of the (b) dense and the (c) “rough” zones – 
mechanism b). 
 
The microscopy results suggest that the high vapour pressure of Zn, expected at high 
temperatures and/or low pO2, leads to segregation of Zn from the material and damaged ceramic 
microstructures.  The protonics community should, therefore, be alert to such permanent damage 
under operation in these conditions and subsequent impairments in conductivity. These results 
concur with Babilo’s work [10] where microstructural degradation was reported under sintering 
temperatures higher than 1300ºC where, equation 4.22 is driven to the right and metallic zinc 
readily vaporizes.  
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      (4.22) 
 
 
4.1.4 CONCLUSIONS  
In conclusion, introduction of ZnO into the lattice of barium zirconates promotes densification to ~ 
35% comparing to the un-doped material, lowering the sintering temperature (from 1600ºC to 
1300ºC). Different Zn-addition mechanisms do not show differences in terms of crystallographic 
phase forming a single cubic perovskite structure, which is similar to the un-doped 
BaZr0.852Y0.148O3-. However, the lattice parameters changes between Zn-addition mechanisms 
suggest that the structure of the perovskite oxides is very sensitive to their composition and 
promotes the formation of oxygen vacancies: when zinc goes into the B-site (mechanisms a and c), 
the vacancy concentration on Ba and O sites increase leading to a decrease in the lattice 
parameter. On the other hand, Ba deficiency (mechanism b) is responsible for the decrease in the 
lattice parameter due to the  the perovskite phase changes (the composition would move from the 
single phase cubic perovskite phase field, to a two phase perovskite + Y2O3-based field, to a three 
phase perovskite + fluorite + Y2O3-based field and then finally to a two-phase perovskite + fluorite 
field).  
The mechanism of ZnO addition has an impact on resultant microstructure. The different 
mechanisms lead to different grain growth: the formation of Ba-deficiency by mechanism b) has a 
negative impact on grain size, depleting grain growth. Chemical analysis by TEM and STEM-XEDS 
confirms the accumulation of Zn at the grain boundaries in these doped samples, which is 
suggested to be responsible for higher specific grain boundary conductivities and associated 
activation energies than in un-doped BZY.  
Conversely, the bulk conductivity of Zn-modified yttrium-doped barium zirconate samples is 
somewhat lower than the un-modified counterpart at intermediate temperatures.  At high 
temperatures, > 600ºC, the total conductivity of these materials is shown to be predominantly 
protonic in nitrogen atmospheres, whilst being predominately p-type electronic under oxygen. The 
total conductivity is shown to be the lowest for mechanism b). Nevertheless, the significant 
reduction in sintering temperature (from ~ 1600º  to 1300ºC) and the high levels of densification 
render Zn-doped BZY samples a good candidate as an electrolyte in sensors, electrolyzers, 
catalytic membranes and fuel cells, especially at intermediate temperatures due to similar total 
conductivities. 
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4.2 EFFECT OF PHOSPHORUS ADDITIONS ON THE SINTERING AND 
TRANSPORT PROPERTIES OF PROTON CONDUCTING BaZr0.85Y0.15O3- 
4.2.1 INTRODUCTION 
The dispersion of nano-sized powder suspensions is essential for the preparation of stabilised solid 
suspensions required for thin ceramic applications. Phosphate esters represent one of the most 
commonly used dispersants to prevent nano-sized powder agglomeration, and are regularly 
applied for the stabilisation of analogous BaTiO3 nano-powders [48-50]. Such phosphorous 
additions have also been shown to decrease the sintering temperature of BaTiO3 through the 
formation of P- and Ba-containing phases that improve porosity coalescence and removal [19,51]. 
Analogously, the addition of phosphorous has recently been shown to slightly lower the sintering 
temperature required for attaining high density in barium zirconate ceramics while also improving 
mechanical properties
 
[52]. Furthermore, the stability of a P-based sintering additive towards 
reduction is expected to be higher than that of common transition metal oxide sintering additives, 
such as NiO or CoO, thus avoiding the subsequent appearance of electronic conductivity in the 
reducing conditions of operation [12-14]. Nonetheless, studies of phosphate ester additions to 
BaTiO3 materials have highlighted the presence of residual phosphorous after burn-out of the 
organic chain [19,33]
 
with the formation of barium phosphate secondary phases. In BaTiO3, the 
impact of these secondary phases on conductivity was shown to be dependent on sintering 
temperature. Although conductivities were impaired at sintering temperatures below 1275ºC, higher 
sintering temperatures lead to slight enhancement over the P-free base composition [19].  
The motivation for this study is, therefore, to acquire knowledge of the effect of P2O5 additions in 
BZY in order to assess both the feasibility of the use of phosphate esters in BZY thin film 
preparation and the potential of phosphorus as a sintering additive. 
 
4.2.2 PROCESSING METHODOLOGY 
The specific composition selected in this study was BaZr0.85Y0.15O3-δ (BZY) produced from BaO2 
(Sigma-Aldrich, 95% purity) and (ZrO2)0.92(Y2O3)0.08 (TZ-8Y, TOSOH Co.). Stoichiometric amounts 
of P2O5 were added to BaZr0.852Y0.148O3- by a solid state reaction. The mixtures were milled for a 
further 2 hours at a rotation speed of 150 rpm.  
Green pellets were obtained after being pressed isostatically at 300 MPa for 15 minutes and two 
sintering conditions were tested; 1400ºC for 24 hours and 1500ºC for 5 hours. In both cases the 
sintering process was performed in air. 
Densification studies were performed using a dilatometer, while phase analysis and the sub-
sequent determination of lattice parameters were performed by X-ray diffraction (XRD) coupled 
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with Rietveld refinement, respectively. Microstructural detail was investigated by scanning electron 
microscopy (SEM) on polished and thermally etched samples. 
Electrical-conductivity measurements were performed on bars and data were collected on cooling 
in flowing wet and dry 10% H2:90% N2. 
 
4.2.3 RESULTS AND DISCUSSION 
4.2.3.1 DENSIFICATION 
The densification behaviour of BZY as a function of P2O5 content is shown in Fig. 4.30. 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.30 - Densification behaviour of (1-x)BaZr0.85Y0.15O3-· xP2O5 in the range x= 0 – 0.10. 
 
The P2O5 additions are shown to have a significant effect on densification, monotonously promoting 
densification with increasing P2O5-content in the intermediate compositional range 0.04 ≤ x ≤ 0.08. 
In contrast, the effect is slightly depleted at higher P2O5 contents (x = 0.10), while at low P2O5 
contents (x = 0.02) densification is hindered in comparison to that of pure BZY. Figure 4.31 
compares the temperature dependence of the linear shrinkage rate as a function of P2O5 content.   
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Fig. 4.31- Temperature dependence of the linear shrinkage rate of (1-x)BaZr0.85Y0.15O3-·
 
xP2O5 in the range 
x= 0 – 0.10. 
 
P2O5 additions produce an increase in the maximum shrinkage rate and shift the temperature of 
maximum shrinkage rate to lower temperatures. The width of the shrinkage temperature range is 
also observed to narrow with increasing additive concentration. The presence of such sharp peaks 
in curves of linear shrinkage rate is characteristic of liquid-phase assisted sintering [53]. A similar 
phenomenon was noted for P-doped BaTiO3 analogues, where improvements in densification were 
related to the presence of a P-based coating on the particle surface that improved porosity 
coalescence and removal of pores at lower sintering temperatures at the first stage of sintering 
[48,49]. In agreement with the dynamic measurements, sintering experiments performed at 1500ºC 
for 5 hours and 1400ºC for 24 hours show improvements in densification with increasing P2O5 
content in the intermediate compositional range, fig. 4.32. Peak densities are achieved for the 
compositions x = 0.06 and 0.08, with densities in excess of 90% for both sintering conditions. A 
maximum density of 98% of the theoretical value is exhibited by composition x = 0.08 sintered at 
1500ºC for 5 hours.  
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Fig. 4.32 - Sintering experiments performed at 1500ºC for 5 hours and at 1400ºC for 24 hours of (1-
x)BaZr0.85Y0.15O3-· xP2O5 in the range x= 0 – 0.10. 
 
4.2.3.2 PHASE ANALYSIS AND MICROSTRUCTURE 
The possible presence of liquid phases was assessed by SEM. A representative scanning electron 
micrographs of bulk samples of composition x = 0.04, 0.06 and 0.08 sintered at 1400°C are shown 
in fig. 4.33. A phase of glassy appearance is observed in all the samples. Unfortunately, analysis of 
the glass composition by X-Ray Energy Dispersive Spectroscopy (XEDS) proved to be 
inconclusive due to the overlapping of P, Y and Zr peaks in the spectra. Nonetheless, such glassy 
phases are absent from the microstructure of pure BZY sintered even at higher temperatures 
(1600ºC for 5 hours), suggesting that these glassy structures result from the P-additions (fig. 4.34). 
 
Fig. 4.33 - Scanning electron micrographs of a bulk sample of compositions (1-x)BaZr0.85Y0.15O3-· xP2O5, (a) 
x = 0.04, (b) x = 0.06 and (c) x = 0.08, sintered at 1400°C for 24 hours. 
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Fig. 4.34 - Scanning electron micrograph of a bulk sample of pure BaZr0.85Y0.15O3, sintered at 1600°C for 5 
hours. 
 
A single-phase BZY perovskite is formed after mechanosynthesis, in agreement with a previous 
study [52]. On addition of the P2O5-additives and further light milling, impurity phases cannot be 
seen at the resolution of XRD for the concentrations studied. Nonetheless, fig. 4.35 shows the XRD 
patterns of a sample of composition x = 0.10 with posterior thermal treatment in the temperature 
range 600 – 1500°C. On heating, the formation of Ba3(PO4)2 is revealed at temperatures greater 
than 600ºC, which persists up to the highest temperatures studied, reflecting the high 
thermodynamic stability of this phase [54]. The development of the Ba3(PO4)2 phase is 
accompanied by the segregation of Y2O3 for temperatures ≤ 900ºC and additional traces of a 
fluorite Zr1-xYxO2- cubic solid solution at higher temperatures. Such progression of Ba3(PO4)2 
phase formation and secondary phase segregation can also be observed as a function of P2O5 
content in fig. 4.36. As the value of x increases, one first observes the presence of the Y2O3 
impurity phase, which is accompanied at x  0.06 by the presence of a fluorite Zr1-xYxO2- cubic 
solid solution and the Ba3(PO4)2 phase. These observations will be discussed further by monitoring 
lattice-parameter variations.  
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Fig. 4.35 - Evolution of powder XRD patterns with temperature for (1-x)BaZr0.85Y0.15O3-· xP2O5, x = 0.10. The 
markers identify: (◊) the BaZr 3- based phase, ( ) a Zr1-xYxO2-- based solid solution, (▲) Ba3(PO4)2 and (□) 
Y2O3. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.36 - Powder XRD patterns of (1-x)BaZr0.85Y0.15O3-· xP2O5, x = 0.02 – 0.10 as a function of composition 
x after sintering at 1500ºC for 5 hours. The markers identify: (◊) the BaZr 3- based phase, ( ) a Zr1-xYxO2-- 
based solid solution, (▲) Ba3(PO4)2 and (□) Y2O3. 
 
The lattice parameters of (1-x)BaZr0.85Y0.15O3- · xP2O5 as a function of x are shown in fig. 4.37 
compared to the lattice parameter progression of join Ba1-yZr0.85Y0.15O3- where the value y 
represents barium loss. If one considers that x moles of Ba3(PO4)2 would be produced for every x 
moles of P2O5 added, the required Ba-loss from the perovskite would be represented by the 
equation y = 3x. This analogy appears to be strongly supported when these two joins are plotted 
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together using this ratio, fig. 4.38. The decrease in perovskite lattice constant with increasing P2O5 
additions parallels the general trend expected for the BZY lattice on Ba-loss. Yamazaki et al. [7] 
recently re-plotted the phase diagram of Imashuku et al. [16] based on information obtained from 
the study of join Ba1-yZr0.8Y0.2O3- to highlight this factor. This phase diagram is reproduced in fig. 
4.38 to show the location of the current join, Ba1-3xZr0.85Y0.15O3-, formed on addition of xP2O5 to 
BZY. One can observe that, as one removes barium from the perovskite phase, the composition 
would move from the single phase cubic perovskite phase field, to a two phase perovskite + Y2O3-
based field, to a three phase perovskite + fluorite + Y2O3-based field and then finally to a two-phase 
perovskite + fluorite field. This phase progression corresponds well with the observed phase 
progressions noted by XRD in figs. 4.35 and 4.36 for P2O5 additions upon formation of Ba3(PO4)2. 
Hence, this observation reinforces a suggested mechanism of Ba-loss from BZY upon addition of 
P2O5. Indeed, the lattice parameters of the perovskite phase shown in fig. 4.37 tend towards that of 
un-doped BaZrO3 with increasing P2O5 addition, in agreement with the behaviour predicted from 
the phase diagram for BZY upon extensive Ba-loss, fig. 4.38. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.37 - Evolution of lattice parameters of BaZr0.85Y0.15O3- with P2O5 fractions in the range 0 - 0.10 sintered 
at 1500°C. 
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X= 0 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.38 - Phase diagram of BaO-YO1.5-ZrO2 from reference [7] showing the location of the barium deficient 
join, Ba1-yZr0.85Y0.15O3-.Formation of this join is expected on P-addition (1-x)BaZr0.85Y0.15O3-· xP2O5, due to 
the formation of Ba3(PO4)2 using the relationship 3x = y. 
 
The grain size of P2O5-doped BZY on sintering at 1400 and 1500°C is shown in fig. 4.39 as a 
function of added P2O5. For small amounts of P2O5, up to 4 mol%, there is a significant decrease in 
grain size with increasing P2O5 content. Interestingly, Yamazaki et al. [7] noted a similar impairment 
of grain growth as a result of Ba-loss in the series Ba1-yZr0.8Y0.2O3-. Figure 4.38 highlights the 
restriction in grain growth with expected Ba-loss for the series Ba1-yZr0.85Y0.15O3- in comparison to 
that of the P2O5-containing samples. Using the ratio 3x = y, as previously discussed, a close match 
of impairment of grain size between the P2O5-added system and the Ba-deficient system, can be 
observed. Caballero et al. [19,51] reported that grain growth of BaTiO3 was inhibited by 
phosphorous ester additions and related this phenomenon to solute drag. Nonetheless, the close 
match of grain growth inhibition caused by Ba-deficiency and P2O5 addition in the current work, fig. 
4.39, suggests that further analogies need to be presented. Yamazaki et al. [7] suggest that the 
grain sizes of BZY sintered samples clearly decrease with Ba-loss, suggesting that this 
phenomenon happens due to the precipitation of secondary phases, such as Y2O3, and its own 
limitations, as it was described in the previous chapters (section 4.1.3.2). Although, since Y2O3 
could not be detected from the XRD, it suggests that the amount was quite low, less than the 
detectable limit of the instrument. Note that the latter analogy has also been widely proposed to 
explain grain-growth inhibition in doped BaTiO3 materials [55]. At higher amounts of P2O5 (> 4 
mol%), the trend is reversed and grain size is slightly increased. This may indicate progression into 
new phase fields upon extensive Ba-loss, fig. 4.38, with compositional shift of the perovskite phase 
towards that of un-doped BaZrO3. In agreement with this analogy, Antunes et al. [6] have 
documented that un-doped BaZrO3 offers improved grain growth over that of BZY. 
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Fig. 4.39 - Comparison of the composition dependence of grain size of systems Ba1-yZr0.85Y0.15O3- and  (1-
x)BaZr0.85Y0.15O3-· xP2O5, using the ratio 3x = y. Samples sintered at 1400°C for 24 hours and 1500°C for 5 
hours. 
 
4.2.3.3 ELECTRICAL MEASUREMENTS 
The temperature dependencies of the total conductivities for BZY and BZY · xP2O5 are shown in fig. 
4.40 in wet and dry 10% H2/N2. For the lightly doped compositions, the conductivity in wet 
conditions is higher than that of dry, suggesting proton conduction. The addition of P2O5 is shown 
to be highly detrimental to the total conductivity. Even lightly doped compositions, such as that 
containing only 2 mol% P2O5, show conductivity impairments of up to an order of magnitude at the 
highest temperatures. This effect is even more severe with increasing P2O5 content leading to a 
uniformly low conductivity that is approximately two orders of magnitude below that of the un-doped 
composition.  
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Fig. 4.40 - Temperature dependence of the total conductivity of system (1-x)BaZr0.85Y0.15O3-· xP2O5 (x = 0 – 
0.10) in wet and dry 10%H2/N2. Results of Ba3(PO4)2 from reference [49]. 
 
In order to investigate this behaviour further, bulk and grain-boundary responses have been de-
convoluted for samples x = 0 and 0.02. The bulk behaviour is shown in fig. 4.41. One can observe 
that bulk conductivity is slightly decreased with increasing P2O5 content. Further study of the grain-
boundary response was undertaken on plotting gb* = gb/D against temperature in Arrhenius form 
(fig. 4.42), where D is the mean grain size. This is a similar approach to that adopted by Yamakazi 
et al. [7] to provide an estimation of the inherent grain-boundary properties independent of 
microstructure, on the assumption that the proportionality factor of the grain-boundary thickness (d) 
remains effectively constant. The data in fig. 4.42 reveal a drop in gb* of well over an order of 
magnitude with P2O5 doping. Depletions of bulk and inherent grain-boundary transport properties 
have also previously been observed in the case of introducing Ba-loss to BZY [7]. Hence, the fall in 
the bulk conductivity in the present case, can be suggested to arise from a similar phenomenon 
that results from the extraction of Ba from the BZY lattice to form Ba3(PO4)2. Nonetheless, the drop 
in gb* in the present materials is significantly larger than that which would be predicted from solely 
Ba loss from the BZY perovskite [7]. In the present case, the presence of P-based glassy phases 
coating the BZY particles, as seen in fig. 4.33, may also be significantly detrimental to the 
intergranular proton conductivity. Such large increases in grain-boundary resistivity lead to 
impedance spectra that are completely dominated by large grain-boundary responses in 
compositions of higher P2O5 content, leading to the low total conductivities observed in fig. 4.42. 
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Fig. 4.41 - Temperature dependence of the bulk and total conductivities of the (1-x)BaZr0.85Y0.15O3-· xP2O5 
system, in wet 10%H2/N2. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.42 - Temperature dependence of the grain-boundary conductivities of the (1-x)BaZr0.85Y0.15O3-· xP2O5 
system, in wet 10%H2/N2. 
 
4.2.4 CONCLUSIONS 
The effects of P additions on the sintering and electrical transport properties of the well-known, 
proton-conducting perovskite BaZr0.85Y0.15O3- have been studied.  
BZY reacts with P forming the highly stable Ba3(PO4)2 phase at temperatures as low as 600°C. 
Correspondingly, the perovskite lattice parameter decreases with increasing P2O5 additions, as a 
result of removal of Ba from the perovskite lattice. P2O5 additions are further shown to impair grain 
growth. Parallels have been drawn with the expected behaviour of BZY materials as a function of 
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Ba-loss. For intermediate concentrations of P2O5, in the range 0.04 ≤ x ≤ 0.08, densification of BZY 
is monotonously improved by the P-additions and the temperature of maximum densification rate is 
lowered. Nonetheless, reaction with P has a highly detrimental effect on the electrical transport 
properties of BZY decreasing both bulk and grain boundary conductivities. The biggest depletion is 
for the grain–boundary behaviour, as is the case for Ba-loss from BZY, and this appears to be 
additionally impaired in the current results due to the formation of isolating glassy phases that coat 
the BZY grains.  
To put these results into perspective, one should realize that the dopant level of phosphate esters 
used as dispersants to prevent nano-sized powder agglomeration and stabilization in analogous 
BaTiO3 powders have typically been in the range 0.13 - 5 wt% P2O5 (~0.002 to 0.05 mol fraction of 
P2O5) [40-44]. The current results show that even low levels of phosphorous cannot be used for 
BZY materials without serious negative consequences for proton conductivity. Hence, it is vital that 
the current results are taken into account by the PCFC community when attempting to prepare 
stabilized solid suspensions of BZY nanopowders required for thin ceramic applications. It is highly 
preferable that alternatives to phosphate esters should be found. 
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4.3 THE POTENTIAL OF BORON AS A SINTERING ADDITIVE FOR 
Ba(Zr,Y)O3-MATERIALS 
4.3.1 INTRODUCTION 
Studies involving the search for redox stable sintering additives with ionic sizes much smaller than 
the average B-site ionic radius are still in focus [13,20,21]. Phosphorus was presented in the 
previous section as a potential sintering aid of this type for BZY. Although densification was noted 
to be improved, the last study highlighted that phosphorous additions rapidly impair proton 
conductivity. In this section, another potential choice will be investigated, that of boron addition. It is 
expected that the small ionic size of boron would prevent its substitution in the perovskite material, 
leading to potentially improved densification whilst maintaining the conductivity of BaZrO3-based 
materials. 
Lee et al. [20] showed that the densification temperature of Ba0.997Y0.003TiO3- decreased by 
approximately 200ºC with respect to the additive free composition on addition of 4 mol% BN or 4 
mol% BaB2O4. It was supposed that a B2O3-rich liquid phase was produced on decomposition of 
the BN component at around 1000ºC, with subsequent reaction with barium to form BaB2O4. 
According to the phase diagram (fig. 4.43), BaB2O4 is predicted to melt at 942ºC, and this 
phenomenon was suggested to lower the sintering starting temperature by liquid phase assisted 
sintering, increasing grain mobility and densification. Moreover, for small additive levels, 
improvements in conductivity over the base material were also noted. Similar improvements of 
densification have been observed for boron additions to BaTiO3 under microwave sintering [21]. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.43 - Phase diagram of system BaO-B2O3 (adapted from [57]). 
 
ELECTROLYTES FOR CERAMIC OXIDE FUEL CELLS 
 
114  
 
Thus, in this work, the densification of un-doped and Y-doped BaZrO3 (BZO and BZY, respectively) 
with boron additions will be investigated, using the boron source, H3BO3.  
Additionally, a new doping approach will be under focus, which uses solvents to introduce the 
additives - solution doping method. More homogeneous doping is expected by the addition of the 
additives in the form of solution than can be obtained by simple milling with sintering additives in 
powder form. 
According to that described in Chapter 1, perovskite-type proton conductors have been studied as 
new electrolyte materials for intermediate temperature operating SOFC (IT-SOFC). In line with this 
goal, a large body of research has been performed in order to develop thin electrolyte films based 
on these materials [58]. The most common techniques used to obtain this type of electrolyte film 
have been based on powder suspensions and/or slurries, where the ceramic powders are in 
contact with a liquid solvent, for example, dip coating [59-61], spin coating [8,59-72], tape casting 
[73-75] or settlement methods [76]. The selection of solvents for this aim, therefore, can be 
considered a critical step; moreover water-based solutions would be desirable, not only for 
environmental reasons, but also to reduce cost [75]. 
This work aimed to investigate the densification of BaZrO3-based materials (BZO and BZY) with 
boron additions and to determine which solvent would be the most appropriate for dispersion of this 
sintering aid in these mechanosynthesized ceramic powders; additional information that will also be 
critical to produce thin electrolyte films. 
 
4.3.2 PROCESSING METHODOLOGY 
Powders of BaZrO3 (BZO) and BaZr0.85Y0.15O3- (BZY) were synthesized by the mechanosynthesis 
method previously described in section 4.2.1. For BZO, stoichiometric quantities of precursors 
BaO2 (Sigma-Aldrich, 95% purity) and zirconium (IV) oxide - ZrO2 (TZ-0Y, TOSOH Co.), were 
used, while the preparation of BZY used BaO2 with the yttrium containing precursor, 
(ZrO2)0.92(Y2O3)0.08 (TZ-8Y, TOSOH Co.) The addition of the boron additive was performed by the 
solution doping method. Stoichiometric quantities of the additive solution (H3BO3 in water, ethanol 
or methanol) were added to the BZO or BZY powder (1 g). The solvents (water, methanol and 
ethanol) were disposed and subsequently evaporated by means of oscillating and heating, 
respectively, in an ultrasonic bath, thus leaving the additives distributed evenly throughout the BZO 
and BZY powders (40°C, Ultrasonic bath (Ultrasons-H, J.P. Selecta, S.A.). The resultant powders 
were then placed into an oven at constant temperature of 60°C and dried thoroughly for 12 hours, 
followed by light dry-milling in an agate mortar and pestle.  
Densification studies were assessed dynamically by dilatometer measurements, using rectangular 
compacts (1.4 × 0.5 × 0.3 cm
3
) obtained by isostatic pressing at 300 MPa for 15 minutes. Sintered 
pellets were obtained after firing similar green compacts at 1250ºC for 5 hours in air. 
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Thermogravimetric analysis (TGA) was performed using a Netzsch STA 449F3. TGA 
measurements were performed in flowing N2, and weight loss was recorded in steps upon heating. 
Data were collected every 300ºC from room temperature to 1200ºC with 24 hours stabilization time 
at each temperature. 
In order to better understand the different mechanisms of B-addition, complementary tests were 
performed, such as X-ray diffraction, Raman and FT-IR spectroscopy. Phase analysis and 
determination of lattice parameters were performed by X-ray diffraction (XRD) in the range 10 ≤ 2θ 
≤ 115° with Cu K radiation. Additional phase analysis was provided by Raman spectroscopy 
performed in the range 200 - 1400 cm
-1
 using a Renishaw 2000 instrument and room temperature 
infrared absorption spectra measured in the range of 300 - 1800 cm
-1
 were collected using a 
Spectrum-1000 Fourier transform infrared (FT-IR) instrument (Perkin-Elmer) and KBr pellet. 
 
4.3.3 RESULTS AND DISCUSSION 
4.3.3.1 CHOICE OF SOLVENT: THE BENEFIT OF NON-AQUEOUS VS AQUEOUS 
SOLVENTS ON DENSIFICATION OF Ba(Zr,Y)O3- MATERIALS 
Since the main method used in this work to introduce the additives was the solution doping 
method, the selection of solvent was considered to be a crucial step. Hence, the impact of three 
types of solvents, water, methanol, and ethanol, on the densification of pure BaZr0.85Y0.15O3- (BZY) 
has been investigated.  
 
4.3.3.1.1 DENSIFICATION 
Figure 4.44 shows the densification behaviour of BZY as a function of solvent type: non-aqueous 
(ethanol and methanol) and aqueous (water). 
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Fig. 4.44 – Sintering curves of BaZr0.85Y0.15O3- after exposure to water, methanol and ethanol solutions. 
 
While the densification behaviour of ethanol is shown to be similar to that of as-prepared BZY, both 
water and methanol are shown to be poor choices of solvent for the introduction of additives due to 
the impairment of densification. Furthermore, figure 4.45 concludes that the addition of water to 
BZY lowers the green and final densities of BZY, even though all powders have been dried under 
identical conditions at 60ºC for 12 hours before pressing.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.45 - Influence of solvents (water, methanol and ethanol) in densification of BaZr0.85Y0.15O3-. 
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Figure 4.46 compares the temperature dependence of the linear shrinkage rate of BaZr0.85Y0.15O3- 
as a function of the type of solvent. While alcohol solvents do not produce a notable variation in the 
maximum shrinkage rate, water is shown to significantly impair the shrinkage rate when compared 
with the solvent free sample. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.46 - Temperature dependence of the linear shrinkage rate of BaZr0.85Y0.15O3- after exposure to water, 
methanol and ethanol solutions. 
 
The impairment of densification observed upon the addition of water is an important observation as 
it precludes the use of aqueous solvents for preparation of suspensions involving BZY, e.g., when 
producing thin films. Some possible reasons for this phenomenon can be suggested, such as: i) the 
formation of hydroxyl groups on hydration that persist to high temperature (~ 1000ºC) [77] or ii) 
possible elemental dissolution from BZY in the solvents. In the first case, the formation of hydroxyl 
groups may impair densification due to the elimination of oxygen vacancies that are required for 
densification (as described previously – section 1.3.1, by equation 1.8) or may affect the surface 
charge, leading to particle agglomeration that hinders the achievement of high green density [78]: 
 
       
    
  
  
     
  (1.8) 
 
In order to examine the possibility of the existence of hydroxide groups which could be responsible 
for the problems in the densification, thermogravimetric analysis (TGA) was performed (fig. 4.47). 
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Fig. 4.47 – Weight change of BaZr0.85Y0.15O3- sintered at 1300ºC for 5 hours after exposure to water, 
methanol and ethanol solutions, and temperature as a function of time under flowing N2. 
 
For all samples, the persistence of –OH groups to high temperatures is confirmed by the TGA 
results due to the observance of significant mass losses upon heating, with the largest losses 
occurring in the intermediate temperature range. This behaviour is typical for the hydration of BZY, 
as noted previously in the literature [77].The highest levels of weight change (larger mass loss) on 
increasing the temperature are noted for the sample exposed to water as a solvent. For the alcohol 
solvents, it is possible to conclude that the hydration reaction between BZY and methanol is 
stronger than that with ethanol, due to higher amounts of mass loss in the methanol case. 
Therefore, the recorded levels of hydration, ethanol < methanol < water, concur fully with the trend 
for densifications, where the levels of densification were noted in fig. 4.44 to decrease in the same 
sequence water < methanol < ethanol. These coincident results suggest that hydration is 
undesirable for the densification process, while being a phenomenon that is able to be minimised 
by solvent selection.  
The second alternative to discuss is that the poor densification levels promoted by the addition of 
water could occur by the possible elemental dissolution from BZY in the solvents. In this respect, 
Ba-removal from perovskite materials has previously been documented to be a function of solvent 
acidity [75], while the presence of barium deficiency in these materials has been reported to 
deplete grain growth [7]. The acidity of the current solvents decreases with their increasing 
molecular length, water > methanol > ethanol, hence, it would be expected that water as a solvent 
would lead to the large elemental dissolution. Thus, to examine this hypothesis, the lattice 
parameter of BZY treated with these solvents was assessed after calcination at 1300ºC. Note 
lattice parameter variations are a very sensitive way to assess compositional variations in this type 
of material and would be expected to decrease with increasing Ba-removal [77]. However, all 
CHAPTER 4.   Ba(Zr,Y)O3- MATERIALS: SINTERING ADDITIVES 
  119 
 
samples show similar lattice parameters (fig. 4.48), negating the analogy of elemental dissolution 
as the source of the different densification behaviour.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.48 – Evolution of lattice parameters of BaZr0.85Y0.15O3- sintered at 1300ºC for 5 hours, before and after 
exposure to water, methanol and ethanol solutions. 
 
4.3.3.2 ADDITION OF BORON TO BaZrO3 (BZO) 
4.3.3.2.1 DENSIFICATION 
The temperature dependence of densification behaviour of BZO as a function of H3BO3 content is 
shown in fig. 4.49, using ethanol as the solvent. The results highlight that H3BO3 is a very efficient 
sintering aid for BZO, allowing densities approaching 100% that of the theoretical to be achieved at 
1500ºC. In contrast, pure BZO only achieves a density of 80% that of the theoretical under the 
same conditions.  
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Fig. 4.49 - Densification behaviour of (1-x)BaZrO3· xH3BO3 in the range x= 0 – 0.04, in ethanol. 
 
The densification behaviour of the B-containing BZO is shown to occur in two steps: the first 
occurring in the temperature range 1050-1200ºC, and the second commencing at higher 
temperatures, fig. 4.50. Decomposition of the H3BO3 component would be expected to occur at low 
temperatures around 180ºC and may lead to subsequent reaction with the bulk BaZrO3 phase at 
particle surfaces. In such a scenario, it is supposed that any resultant boron-containing reaction 
product may melt at elevated temperatures to produce the observed liquid assisting shrinkage 
behaviour. Lee et al. [20] reported a similar densification enhancement in barium titanate 
perovskite, Ba0.997Y0.003TiO3- as a function of BN and BaB2O4 additives, commencing in a 
comparable temperature range 1050-1200ºC. Lee and co-workers [20] associated this behaviour 
with liquid phase assisted sintering that arises due to the presence of BaB2O4, a phase with a 
melting temperature of 942ºC [57]. Contrary to the titanium analogue, however, the densification 
behaviour of the current BZO-H3BO3 systems is shown to involve an additional higher temperature 
densification step.   
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Fig. 4.50 - Temperature dependence of the linear shrinkage rate of (1-x)BaZrO3· xH3BO3 in the range x= 0 – 
0.04, in ethanol. 
 
4.3.3.2.2 PHASE ANALYSIS 
To try to understand the two step sintering behaviour shown in the current results, X-ray diffraction 
data have been taken of the compositions 0, 4, 6, 8, and 10 mol% H3BO3 added BaZrO3, after 
annealing at 1250ºC for 5 hours. The XRD pattern of the 10 mol% H3BO3-containing BaZrO3 phase 
is shown in figure 4.51. Minor amounts of the impurity phase BaZr(BO3)2 are detected as well as 
the expected impurity phase BaB2O4. It is, therefore, suggested that the observed two step 
densification profile arises due to the preliminary formation of BaB2O4, which melts at 942ºC to 
generate the first densification enhancement, in agreement to that suggested by Lee et al. [20] for 
BaTiO3. This mechanism was followed by the formation of BaZr(BO3)2 at higher temperature, which 
shows an elevated melting temperature of 1320ºC [57,79].  
 
 
 
 
 
 
 
 
 
 
 
ELECTROLYTES FOR CERAMIC OXIDE FUEL CELLS 
 
122  
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.51 - XRD pattern of 10 mol% of H3BO3 ethanol solution added BaZrO3 powders after annealing at 
1250ºC for 5 hours. The markers identify the main phase - (◊) the BaZrO3- based phase, and the secondary 
phases - ( ) BaZr(B 3)2, and (□) BaB2O4. 
 
Haile et al. [78] pointed out that un-doped BaZrO3 has a very low tolerance to A-site deficiency in 
contrast to aliovalent doped compositions [3]. Hence, any Ba-loss associated with the formation of 
binary boron-containing liquid phases, such as BaB2O4 [20], would be accompanied with the 
segregation of ZrO2 as an impurity phase, as described by equation 4.23. In contrast, the formation 
of the ternary composition BaZr(BO3)2 would remove an equal amount of Ba and Zr from the 
perovskite lattice (equation 4.24): 
 
                                      
 
 
          
 
 
     (4.23) 
                                            
 
 
     (4.24) 
 
The absence of a ZrO2 impurity in the XRD pattern of fig.4.51 appears to disagree with mechanism 
equation 4.23 for the formation of BaB2O4. Thus, the validity of the suggested mechanisms is 
assessed by observation of the lattice parameter variation of the perovskite phase as function of B-
content, fig. 4.52. Both mechanisms (equations 4.23 and 4.24) predict an unchanged perovskite 
lattice stoichiometry with B-addition. This hypothesis is reinforced by the experimental results, 
which show a constant lattice parameter on B-addition. The absence of a ZrO2 impurity in the XRD 
pattern may, thus, occur solely due to a low quantity, which could be below the limit of resolution of 
the equipment. 
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Fig. 4.52 - Evolution of lattice parameters of (1-x)BaZrO3· xH3BO3 in the range x= 0 – 0.10 in ethanol, after 
annealing at 1250ºC for 5 hours. 
 
4.3.3.3 ADDITION OF BORON TO BaZr0.85Y0.15O3- (BZY) 
4.3.3.3.1 DENSIFICATION 
Figure 4.53 shows the linear shrinkage BaZr0.85Y0.15O3-δ specimen with addition of H3BO3 (0, 2 and 
4 mol%, water and ethanol solution).  
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.53 - Densification behaviour of (1-x)BaZr0.85Y0.15O3-· xH3BO3 in the range x= 0 – 0.04, in water and 
ethanol. 
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The boron additive was doped with H3BO3 in water and ethanol solutions. Samples based in water 
solution showed a later densification starting temperature than B-free BZY, and the maximum 
linear shrinkage was as low as 6%. The final densities of these specimens formed using water 
solutions were below 80% that of the theoretical; values that can be considered low (fig. 4.54). 
These results indicate that, by adding boron in the way of H3BO3 water solution, the densification 
was impaired in comparison to the additive free composition. .  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.54 - Influence of the amount of H3BO3 (0, 2 and 4 mol%) and the solvent (water and ethanol) in 
densification of BaZr0.85Y0.15O3-. 
 
For comparison, the linear shrinkage curves of boron added BaZr0.85Y0.15O3-δ specimens using an 
ethanol solution, are also presented in figure 4.53. In the case of 4 mol% boron added BZY 
(ethanol solution) the densification starting temperature similar to the plain BZY (950ºC), with a 
maximum linear shrinkage of 5.7%, and sintered density of 84% that of the theoretical. Compared 
with 4 mol% boron added BZY water solution samples, the corresponding samples prepared with 
an ethanol solution, showed relatively better densification in agreement with the results of section 
4.3.3.1. 
Nonetheless, in contrast to the positive effect of H3BO3 on densification behaviour in BaZrO3, 
shown in section 4.3.3.2, the H3BO3 additive is shown to be an ineffective sintering aid for 
BaZr0.85Y0.15O3-δ. The synthesis route of the BaZrO3 and BaZr0.85Y0.15O3-δ powders and the doping 
methods of B-addition were identical in both cases, as were the morphologies of the 
mechanosynthesized powders. Hence, the difference in the effectiveness of boron as a sintering 
additive for each material is puzzling. A detailed investigation is, therefore, presented, involving a 
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barrage of experimental techniques to understand this dramatic change in the mechanism of B-
additions in the two cases. 
 
4.3.3.3.2 PHASE ANALYSIS AND MICROSTRUCTURE 
XRD data have been taken of the compositions of 0, 2, 4, 6, 8, and 10 mol% H3BO3 added 
BaZr0.85Zr0.15O3- after annealing at 1250ºC for 5 hours. The XRD pattern of the 10 mol% H3BO3-
containing BZY phase is shown in figure 4.55. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 4.55 - XRD pattern of 10 mol% of H3BO3 ethanol solution added BaZr0.85Y0.15O3- powders after annealing 
at 1250ºC for 5 hours. The markers identify the main phase - (◊) the BaZr 3- based phase, and the secondary 
phase - (▲) Y2O3. 
 
From figure 4.55, it is possible to conclude that B-additions to BZY lead to the formation of a 
different secondary phase than in the BZO case (fig. 4.51), with slight traces of Y2O3 being 
detected at the highest H3BO3 contents. 
Comparison of the lattice parameter variation of the perovskite phase in the BZO and BZY 
compositions as a function of B-content is shown in figure 4.56. In contrast to the BZO case, the 
BZY compositions show a decrease in lattice parameter with increasing B-content. Note that the 
annealing temperature of 1250ºC is below that where Ba-loss would be expected by volatilization 
[72]. Therefore, the noted decrease in lattice parameter with addition of H3BO3 can only be 
explained by reaction with the bulk BZY material and a subsequent change in stoichiometry of the 
base perovskite phase. 
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Fig. 4.56 - Evolution of lattice parameters of (1-x)BaZrO3· xH3BO3 (BZO), and (1-x)BaZr0.85Y0.15O3-· xH3BO3 
(BZY) in the range x= 0 – 0.10 in ethanol, after annealing at 1250ºC for 5 hours. 
 
As mentioned in section 4.3.3.2.2, Haile et al. [78] demonstrated that B-free BaZrO3 has a very low 
tolerance to A-site deficiency in contrast to the aliovalent doped compositions. Hence, while the 
formation of BaB2O4 in the BZO case can be described by equation 4.23 (creating ZrO2 impurity), 
conversely, reaction of boron with barium in BZY may process by the formation of a Ba-deficient 
perovskite phase. This possibility is discussed in equation 4.25. Note that equation 4.25 is written 
in a general form to express any composition between BaO and H3BO3 (see phase diagram, figure 
4.43): 
 
                                       
 
                 
 
 
                 
 
 
     (4.25) 
 
In the literature one can find the dependence of lattice parameter on Ba-deficiency for the 
composition Ba(1-x)Zr0.85Y0.15O3-[7]. This is reproduced in figure 4.57. 
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Fig. 4.57 – Reproduction of the evolution of lattice constants in sintered Ba(1-x)Zr0.85Y0.15O3- as a function of 
nominal Ba-deficiency [7]. 
 
From equation 4.25 one can see that in the case of B-additions, the resultant perovskite Ba-
deficiency will be given by 
       
  
, where x is the fraction of H3BO3 added and y represents the 
binary join Ba1-yByO1+1.5y. The phase diagram shown in figure 4.43 suggests the existence of the 
following binary phases Ba3B2O6, BaB2O4, BaB4O7, and BaB8O13. Assuming the reaction 
mechanism stated in equation 4.25 one can calculate the expected Ba-deficiency associated with 
the fraction of H3BO3 added for formation each possible binary phase.  
From this calculated Ba-deficiency and the experimental dependence shown in figure 4.57 one can 
calculate the expected resultant lattice parameter. This is performed and demonstrated in figure 
4.58. The figure suggests that Ba-loss and the formation of binary compositions Ba1-yByO1+1.5y with 
values of y ≥ 0.66 cannot account for the experimental lattice parameter variation. Interestingly the 
Ba-rich composition (a) Ba3B2O6 shows the best agreement with the experimental lattice 
parameters at low H3BO3 contents, passing to (b) BaB2O4 at higher contents. It should be noticed 
that the composition Ba3B2O6 is shown to have an elevated melting point of 1383ºC, from the phase 
diagram (fig. 4.43) [57]. The formation of this composition would, therefore, not be expected to lead 
to liquid phase sintering due to its high melting temperature. 
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Fig. 4.58 – Calculated lattice parameters of (1-x)BaZr0.85Y0.15O3-· xH3BO3 (BZY) in the range x= 0 – 0.10 in 
ethanol, as a function of H3BO3 addition for formation of the phases: (a) Ba3B2O6, (b) BaB2O4, (c) BaB4O7 and 
(d) BaB8O13. 
 
Due to the more facile removal of Ba in the Y-doped composition (in comparison to destruction of 
the perovskite phase in BaZrO3), one possible analogy is that at low H3BO3 doping levels the Ba-
rich, Ba3B2O6 phase easily forms, leading to a high melting temperature. On further H3BO3 doping 
a mixture of Ba3B2O6 and BaB2O4 would result, as can be predicted from the barium borate phase 
diagram in figure 4.43. Note that for a mixture of these two phases a molten phase and Ba3B2O4 
will form at temperatures above 915ºC. It is possible that in such a case only a limited quantity of 
molten phase would be available to wet the BZY grains and produce liquid phase assisted 
sintering. 
The formation of these barium borate phases implies the depletion of Ba from the perovskite matrix 
with boron additions and associated reduction in the lattice constants of BZY. Upon sufficient Ba-
loss Y2O3 can also be predicted as a secondary phase (see phase diagram in fig. 4.43) together 
with the formed barium borate phases BaB2O4 and/or Ba3B2O6. Reaction of the expelled Y2O3 with 
boron may also result in formation of the phase YBO3. It is expected that these boron containing 
phases, namely YBO3 and Ba3B2O6, would not improve sintering behaviour due to their high 
melting temperatures (1650ºC and 1383ºC, respectively) [57]. Thus, to search for the existence of 
additional phases, FT-IR (figs. 4.59, 4.60, 4.61 and 4.62) and Raman (fig. 4.63) spectroscopy were 
performed. These techniques are useful to detect minor amounts of additional phases that cannot 
be seen under the resolution of X-ray diffraction. 
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Fig. 4.59 - FT-IR transmission (300 – 1800 cm
-1
) spectra of BaZr0.85Y0.15O3- doped with 2, 4, 6, 8 and 10 
mol% of H3BO3 and the precursors and segregation phases. 
 
The FT-IR transmission spectra (fig. 4.59) can be divided in three different zones. From the 
wavenumber range 300 to 1000 cm
-1
 (zone 1 – fig. 4.60), it can be stated that the addition of 
H3BO3 does not show any notable influence on the main BZY phase when compared with the B-
free BZY. In zone 2, corresponding to the wavenumber range of 950 to 1350 cm
-1
, the secondary 
BaB2O4 phase can be detected (fig. 4.61) with its concentration increasing with increasing additions 
of H3BO3. Lastly, in zone 3, from 1300 to 1800cm
-1
 the segregated phases of Y2O3 and Ba3B2O6 
can be seen.  
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Fig. 4.60 - FT-IR transmission spectra corresponding to zone 1 (300 – 1000 cm
-1
) of BaZr0.85Y0.15O3- doped 
with 2, 4, 6, 8 and 10 mol% of H3BO3 and the precursors and segregation phases. 
 
Fig. 4.61 - FT-IR transmission (950 – 1350 cm
-1
) spectra of BaZr0.85Y0.15O3- doped with 2, 4, 6, 8 and 10 
mol% of H3BO3 and the precursors and segregation phases. 
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Fig. 4.62 - FT-IR transmission (1300 – 1800 cm
-1
) spectra of BaZr0.85Y0.15O3- doped with 2, 4, 6, 8 and 10 
mol% of H3BO3 and the precursors and segregation phases. 
 
Moreover, from fig. 4.62 it is also possible to conclude that the Ba3B2O6 secondary phase is only 
clearly detected for concentrations lower than 6 mol% of H3BO3. Conversely, for higher H3BO3 
concentrations, the amount of Ba3B2O6 tends to disappear. These results are in agreement with 
phase diagram (fig. 4.43) and the previous, lower wavenumber, FT-IR region where the increasing 
boron content leads to the formation of a phase region containing two barium borate phases, that 
of Ba3B2O6 and BaB2O4, where the BaB2O4/Ba3B2O6 ratio increases with increasing amounts of 
H3BO3 (figs. 4.61 and 4.62). For the highest concentrations of H3BO3 the presence of the impurity 
Y2O3 is also observed (fig.4.62) in agreement with that expected upon extensive barium depletion 
from the perovskite phase (fig. 4.38, section 4.2.3.2). Raman spectroscopy analysis (fig. 4.63) also 
highlights the formation of Y2O3 at high H3BO3 levels in yttrium-doped BaZrO3 annealed at 1250ºC, 
in agreement with the FT-IR results. Nonetheless, the Raman technique is shown to be less 
effective to separate the barium borate reaction products, such as BaB2O4 or Ba3B2O6. 
The undesirable presence of Ba3B2O6 noted by the FT-IR technique explains the ineffective nature 
of the H3BO3 sintering additive for densification of BZY materials due to the high melting point of 
this phase (1383ºC) [57].  
 
ELECTROLYTES FOR CERAMIC OXIDE FUEL CELLS 
 
132  
 
Fig. 4.63 – Raman spectroscopy spectra of BaZr0.85Y0.15O3- doped with 2, 4, 6, 8 and 10 mol% of H3BO3 and 
the precursors (BZY and Y2O3) and segregation phases (YBO3, BaB2O4 and Ba3B2O6). 
 
The H3BO3 additions also have a strong impact on the resultant microstructures, with the presence 
of secondary phases in BZO and BZY leading to widely different grain growth in each case. 
Representative scanning electron micrographs of bulk samples of composition (1-x)BaZrO3 · 
xH3BO3 and (1-x)BaZr0.85Y0.15O3- · xH3BO3 when x = 0.04 and 0.10, sintered at 1250°C for 5 hours 
are shown in fig. 4.64.  
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Fig. 4.64 - Scanning electron micrographs of a bulk sample of compositions (1-x)BaZrO3· xH3BO5, (a) x = 
0.04, (b) x = 0.10, and (1-x)BaZr0.85Y0.15O3-· xH3BO5 (c) x = 0.04 and (d) x = 0.10, sintered at 1250°C for 5 
hours. 
 
From the perspective average grain sizes, table 4.11, it is possible to conclude that the secondary 
phases formed by an excess of B-addition to BZY, such as BaB2O4, Y2O3 and Ba3B2O6, affect grain 
growth, with much higher grain sizes recorded for BZO doped with 4 and 10 mol% H3BO3 when 
compared to BZY for the same additive concentrations. This can be explained by literature data for 
the BZY material that shows a decreased grain growth on increasing barium deficiency [7]. 
Moreover, the existence of slight traces of Y2O3 at high barium deficiencies can also be responsible 
for depleted grain growth due to the pinning of the grains by yttria at the grain boundary. In 1996, 
Chen and co-workers [80] have reported a similar effect on the grain growth in fluorite ceria 
materials. 
The current results, therefore, highlight that impaired densification is followed by not only a 
substantial decrease in perovskite lattice parameter (fig. 4.56) but by poor grain growth (table 4.11) 
and these factors can be linked to the presence of barium loss and related formation of Y2O3 and 
Ba3B2O6 impurity phases. 
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Table 4.11 – Average grain sizes of B-modified BZO and BZY (4 and 10 mol% of H3BO3) sintered samples 
(1250ºC, 5 hours), calculated from SEM images. 
Sample Grain size (m) 
(1-x)BaZrO3 · xH3BO3, x = 0.04 1.614 ± 0.058 
(1-x)BaZrO3 · xH3BO3, x = 0.10 1.504 ± 0.049 
(1-x)BaZr0.85Y0.15O3 · xH3BO3, x = 0.04 0.882 ± 0.025 
(1-x)BaZr0.85Y0.15O3 · xH3BO3, x = 0.10 0.926 ± 0.030 
 
 
4.3.4 CONCLUSIONS 
The effects of B-additions on the sintering behaviour of un-doped and Y-doped BaZrO3 have been 
studied, including a new doping approach that uses solvents to introduce the additives. This 
method permits a highly homogeneous distribution of the boron based sintering additive in the 
powder samples. Solvent selection is shown to be critical. Although the use of water-based solvent 
would be desirable for environmental reasons and cost, the use of such solvent is shown to 
drastically impair densification and this has been related to a higher level of hydration of the 
perovskite proton conducting materials. In contrast, ethanol shows the best sintering results of the 
solvents studied with effectively no negative impacts on the densification of BZY. This solvent was, 
therefore, adopted for the introduction of sintering additives by the solution doping method. 
The densification behaviour of H3BO3 (0 - 10 mol%) added BaZrO3 (BZO) shows boron to be a very 
effective sintering aid, whereas, in contrast, for the acceptor doped composition BZY no 
improvement in densification can be obtained. Densification commences at lower temperature 
compared with additive-free BZO, with a higher final density of ~ 97%. Additionally, BaZrO3 doped 
with H3BO3 leads to a two step sintering performance: the first step occurs before ~ 1110ºC and the 
second step appears for higher temperatures. The higher levels of densification are attributed to 
the formation of secondary phases, namely BaB2O4 (melting temperature phase of 942ºC) and 
subsequently BaZr(BO3)2 (melting point of 1320ºC), leading to the observed assisted sintering 
behaviour. 
Nevertheless, the densification behaviour of BaZr0.85Y0.15O3- (BZY) with the same H3BO3 additive 
shows unenhanced levels of densification compared with the plain BZY. Comparing with BZO 
lattice constants, a substantial decrease in perovskite lattice parameter is shown with increasing 
H3BO3 addition to BZY due to depletion of barium in the perovskite phase and the formation of 
additional barium borate phases, such as Ba3B2O6, BaB2O4. At high H3BO3 levels this Ba-depletion 
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is accompanied by Y2O3 segregation from the perovskite phase. For lower concentrations than 6 
mol% of H3BO3, Ba3B2O6 is detected. However, increasing the amount of H3BO3 (> 6 mol%), the 
amount of Ba3B2O6 tends to disappear, while the concentration of the BaB2O4 phase increases.  
Low levels of B-modified BZY densification can be explained by the high melting temperature of the 
Ba3B2O6 segregated product. The depletion of Ba from the perovskite phase and segregation of 
Y2O3 upon formation of the barium borate phases is also shown to hinder grain growth. 
Thus, despite being a good sintering additive for BZO, the addition of H3BO3 is ineffective as a 
sintering additive for BZY.  
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CHAPTER 5.   EMERGING MATERIALS: (Ba,Sr)GeO3-BASED ION 
CONDUCTORS 
Research efforts dedicated to the improvement of material properties for solid oxide fuel cells 
(SOFCs) are extremely active. One of the major challenges in this area is in lowering the operating 
temperature to the intermediate temperature regime, 500-700ºC, while maintaining good 
electrochemical performances [1,2].  
The electrolyte, which transports oxide-ions from the cathode to anode, plays a key role in cell 
performance since its ionic conductivity determines the operating temperature range to minimise 
internal ohmic resistance losses. Thus, there is therefore considerable interest in developing 
alternative electrolytes with oxide-ion conductivity achieving or exceeding 10
−2
 S.cm
-1
 at 
intermediate temperatures. Materials showing high oxide-ion conductivity and displaying new 
combinations of charge carrier and structural prototypes are particularly attractive, such as 
innovative tetrahedral structures displaying high oxygen interstitial or vacancy mobility without 
necessary constraint of the high lattice symmetries [2,3]. 
Recently, Goodenough et al. [4,5] reported a superior oxide-ion electrolyte family of monoclinic 
doped SrMO3-based oxide ion conductors (M = Si, Ge) as promising candidates for intermediate 
temperature-solid oxide fuel cells (IT-SOFC), which shows good ionic conductivity values ( ≥ 10−2 
S.cm
-1
), at intermediate temperatures (625ºC).  
The introduction of a cation at the Sr-site of SrMO3, such as K
+
 or Na+, was suggested to lead to 
the introduction of terminal-oxygen vacancies on tetrahedral anion complexes that provide elevated 
oxide-ion conductivity [6]. Nonetheless, the exact mechanism for conduction remains under debate, 
with alternative proposals being offered such as the presence of interstitial oxygen atoms provided 
by distortions of the M3O9 unit to allow corner sharing [4]. In this respect, substitution of K
+
 for Sr
2+
 
was shown to be highly hygroscopic at room temperature, adding further to the discussion of 
whether the oxygen conductivity could be explained by oxygen vacancies or oxygen interstitial 
atoms [4]. According to Singh et al. [8], the hygroscopic behaviour of K-substituted oxides would 
necessitate water absorption into oxygen vacancies that, if located at a terminal position of a M3O9 
complex, would stabilize the steric hindrance of the large Sr
2+
 and K
+
 ions. In contrast, the 
presence of interstitial oxygen caused by corner sharing of these units would suggest an alternative 
case where hydration would be considered unlikely [8].  
The use of steric hindrance to stabilize a terminal-oxygen vacancy on a tetrahedral anion complex 
is a novel design principle that has led these novel oxide-ion conductors to attract much attention of 
late [1,4,5,7,8]. Singh et al. [4] have concluded that Ge analogue generally provides higher oxide-
ion conductivity in comparison with Si analogues.  
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The higher volume of Ba
2+
 ions than that of Sr
2+
 may lead to an increase of the steric hindrance 
resulting in structural distortions that can have a positive impact in the conduction of O
2-
 ions [9]. In 
addition, the hygroscopic nature of these materials may well offer a route to proton conductivity that 
would be enhanced due to the basicity of Ba
2+
 and K
+
 ions. According to these assumptions, the 
current work also aims to investigate the type of conduction of these materials: ionic, protonic and 
electronic. 
Thus, the current chapter is constituted by three sections focused on acceptor doping of BaGeO3 
and SrGeO3 in order to determine whether oxygen vacancies, formed as charge compensating 
defects, could give competitive ionic conductivity in the intermediate operating temperature range. 
In addition, the current work studies the applicability of mechanochemical preparation methods to 
produce these materials. 
The first section is based on the study of the ability of mechanosynthesis to produce pure BaGeO3. 
It is known that BaGeO3 exists in at least two polymorphic forms: a low-temperature  form and a 
high-temperature  form with an orthorhombic pyroxene-type structure [10-13]. The current study 
was based on the use of a wide range of techniques in order to understand the impact of 
mechanosynthesis as a synthesis method. Produced powders were observed by transmission 
electron microscopy (TEM) and analysed by FT-IR (Fourier transform infrared spectroscopy) 
measurements. Phase compositions and temperature dependent transitions  were analysed by 
Rietveld refinement high-temperature X-ray diffraction data (HT-XRD), complimented by 
thermogravimetric analyses (TGA/DSC).  
The second section concerns the effect of K-addition to BaGeO3 materials. Ba1-xKxGeO3-0.5x 
materials were studied in order to assess the effect of K
+
 on the oxide-ion conductivity and to 
compare the impact of the lattice distortions promoted by Ba in comparison with the known Sr1-
xKxGeO3-0.5x material presented in the literature. The study was based on high-temperature X-ray 
diffraction (HT-XRD), scanning electron microscopy (SEM), thermogravimetric analyses (TGA), 
Raman spectroscopy and impedance measurements. 
Lastly, the third section presents the effect of mechanosynthesis to produce the novel SrGeO3-
based materials containing potassium that show improved oxide-ion conductivity compared to un-
doped SrGeO3. Sr1-xKxGeO3-0.5x (x = 0 and 0.20) materials were studied using the following 
techniques: XRD, SEM, TGA as well as Raman and impedance spectroscopy. 
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5.1 LOW-TEMPERATURE MECHANOSYNTHESIS OF -BaGeO3 
5.1.1 INTRODUCTION 
Germanates are of wide interest in material science and technology for displaying a rich range of 
conductive, dielectric, optical and acoustic-optical properties. M
II
GeO3 ceramics with divalent metal 
ions (Ba
2+
, Sr
2+
, Ca
2+
, Ni
2+
 or Cu
2+
) are used on an industrial scale to produce heterophasic 
ceramic bodies, such as dielectric ceramic materials for multi-layer capacitors [14]. Their high 
dielectric strength, low dissipation factor and relatively low firing temperatures permits use of 
inexpensive, non-noble metals and alloys thereof as electrodes in the fabrication of these devices 
[14-17].  
Additionally, these materials have also noted a particular interest as alternative SOFC electrolytes 
due to the ability to produce oxide-ion defects, such oxygen vacancies, promoting oxide-ion 
transport by the vacancy-hopping mechanism. Recently, Goodenough and co-workers [4,5,7] 
reported a new family of oxide-ion conductors based on Ge oxides, the Sr3-xAxGe3O9-0.5x (A = Na, 
K).  
Germanates are very interesting materials due to their complex polymorphism [13]. BaGeO3 exists 
in at least two polymorphic forms, a low-temperature  form, reported as having a monoclinic 
(hexagonal) structure by Liebau [18], and a high-temperature  form with an orthorhombic 
pyroxene-type structure composed of [Ge2O6]-zweier single chains, first reported by Hilmer [19]. 
The polymorphism has been the source of conflicting information in the literature as regards phase 
formation, transformation temperatures and accepted crystallographic structure [10-13]. The low-
temperature form is closely related to pseudo-wallastonite, consisting of alternate layers of Ba 
cations and [GeO3]3 rings. A recent study indicates that the X-ray structure is better refined in the 
monoclinic C2/c space group rather than a hexagonal crystal system. The non-random stacking of 
the rings is rather complex giving rise to diffuse scattering observed by selected area electron 
diffraction [13].  
The phase diagram of the BaO-GeO2 system (fig. 5.1) was first described by Grebenshchikov et al. 
[20] then revised by Guha [11]. It was reported in a study of the polymorphism of BaGeO3 [10] that 
the low-temperature polymorph transforms to the high-temperature phase at 1200°C via an 
intermediate phase change at 1100°C. In 1983, Yamaguchi et al. [12] reported the metastable 
formation of the high-temperature polymorph of BaGeO3 at 660ºC from an amorphous starting 
material prepared by the hydrolysis of barium and germanium alkoxides. The same authors report 
the transformation of the  to  phase at 780 - 840°C followed by a transition to the  phase at 
1180 - 1200°C, with melting taking place at 1270°C.  
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Fig. 5.1 - Phase diagram of BaO-GeO2 showing the location of the phase transitions of BaGeO3 polymorphs 
(adapted from [11]). 
 
The current work reports the novel result of the preparation of the high-temperature orthorhombic 
polymorph of BaGeO3 ( form) by room-temperature mechanosynthesis from a reactant powder 
mixture of BaO2 and GeO2.  
 
5.1.2 PROCESSING METHODOLOGY  
Powders of BaGeO3 were prepared by mechanosynthesis from stoichiometric quantities of BaO2 
(Sigma-Aldrich, 95% purity), and GeO2 (Sigma-Aldrich, ≥99.99% trace metal basis). The 
commercial powder of barium peroxide is a mixture of approximately 95 mol% BaO2 and 5 mol% 
BaCO3. Thus, in order to calculate the exact quantities of each component, thermogravimetric 
analysis (TGA) in flowing CO2 were performed, using a Netzsch STA 449F3 (fig. 3.5) with a 
1600°C rod by complete carbonation of a sample in flowing CO2. 
The nature of the phase transition and its temperature dependence as a function of temperature 
was studied by Rietveld refinement of high-temperature X-ray diffraction (HT-XRD) data, collected 
with a Bruker D8 Advance over the range 10° ≤ 2θ ≤ 80° with a step size of 0.015° and 
measurement time of 1s/step. Diffractograms were registered from room temperature to 1200ºC in 
100ºC intervals, then again at room temperature after cooling. Phase composition at each 
temperature was estimated by quantitative Rietveld refinement with the Fullprof program using 
interpolation of points to model the background and amorphous contribution.  
Thermogravimetric analysis and differential scanning calorimetry (TGA/DSC) were carried out in an 
Ar atmosphere at a rate of 10ºC/min to 1100ºC using a NETZSCH STA 449F3 instrument in a High 
Temperature Platform 400; alumina was employed as standard for DSC.  
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Room temperature infrared absorption spectra were recorded using a Spectrum-1000 Fourier 
transform infrared (FT-IR) instrument (Perkin-Elmer). The spectra were collected in the range 300 - 
1800 cm
-1
 using a KBr pellet. 
Microstructure was investigated by transmission electron microscopy (TEM) coupled with energy 
dispersive X-ray spectroscopy (EDS) in a 300kV Hitachi H-9000 microscope equipped with a 
Röntec EDS detector. Samples were prepared by dispersing fresh powders in ethanol on 
perforated copper grids.   
 
5.1.3 RESULTS AND DISCUSSION 
5.1.3.1 PHASE FORMATION AND CRYSTAL STRUCTURE 
XRD powder patterns showing the formation of the  polymorph of BaGeO3 as a function of milling 
time are shown in fig. 5.2. The onset of phase formation can be observed after 60 min and the pure 
orthorhombic  phase appears after 300 min.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.2 - Evolution of powder X-Ray diffraction patterns with milling time (0, 60, 300 and 360 min) for the 
BaO2 + GeO2 mixture. The markers identify the precursors ( ) BaO2, (○) GeO2 and (*) -BaGeO3. 
 
Further milling leads to a notable increase in intensity of the reflections indicating that crystallinity is 
improved with greater milling time (fig. 5.3).  
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Fig. 5.3 - Evolution of powder X-Ray diffraction patterns with milling time (360, 420, 480, 540 and 600 min) for 
the BaO2 + GeO2 mixture, showing a substantial increase in intensity of the reflections representing that 
crystallinity is improved with larger milling time. The markers identify (*) the orthorhombic -BaGeO3 phase. 
 
Rietveld refinement of XRD data of material subjected to 600 minutes of milling was performed in 
space group P212121 according to published structural data of the high-temperature polymorph 
[19]. The thermal vibration factors (TVFs) of the cations were rather high and so the TVFs of all 
ions were constrained to a constant value in the final refinement. As the TVFs tend to correlate with 
other parameters, such as the background [21], the significant amorphous contribution to the XRD 
pattern in the present case could contribute to correlation effects during refinement leading to the 
high TVFs of the cations. Final structural parameters with constrained TVFs and reliability factors 
indicating the quality of the refinement are listed in table 5.1. The observed diffraction pattern and 
the difference pattern between observed and calculated data on convergence of the refinement are 
shown in fig. 5.4.  
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Table 5.1 – Structure refinement data for mechanosynthesized -BaGeO3: space group P212121; lattice 
parameters: a = 4.51766(5) Å, b = 5.6315(6) Å and c = 12.614(1) Å; Rp = 2.83; Rwp = 3.76; χ
2
 = 1.15. 
Atom x/a y/b z/c Occupancy 
Ba (1) 0.226(1) 0.1858(4) 0.3573(2) 1.0 
Ge (1) 0.673(1) 0.700(1) 0.4220(4) 1.0 
O (1) 0.318(5) 0.702(4) 0.441(1) 1.0 
O (2) 0.78(1) 0.893(4) 0.335(2) 1.0 
O (3) 0.707(7) 0.424(3) 0.402(2) 1.0 
* Thermal vibration factors were constrained to Biso = 0.8 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.4 - Observed and difference X-ray powder diffraction profiles of mechanosynthesized BaGeO3 after 600 
minutes of milling. The Bragg peaks of - and -phases are indicated by vertical blue and red bars, 
respectively. 
 
Inspection of table 5.2 reveals a decrease in the cell parameters with increasing milling time from 
300 to 600 minutes. On the other hand, the amount of crystallised fraction increases. 
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Table 5.2 – Lattice parameters obtained from Rietveld refinement of XRD and crystallised faction of 
orthorhombic polymorph of BaGeO3 for different milling times (300 and 600 minutes), determined from 
quantitative Rietveld refinement. 
Milling time a (Å) b (Å) c (Å) Crystallised fraction 
300 min 4.59785(4) 5.73389(3) 12.83389(3) 42.7 % 
600 min 4.51766(5) 5.6315(6) 12.614(1) 71.5 % 
 
5.1.3.2 MICROSTRUCTURE 
The grains of BaGeO3 fresh powders produced by mechanosynthesis at room temperature are 
essentially spherical in shape, a geometry which may favour ceramic processing [22], in the form of 
loose agglomerates, as shown in fig. 5.5. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.5 - Transmission electron micrograph of BaGeO3 fresh powder prepared in a one-step process by 
mechanosynthesis at room: milled for 600 minutes at 650rpm. 
 
An amorphous component was also readily observed by TEM, fig. 5.6 a) surrounding the crystalline 
grains. A second micrograph, fig. 5.6 b), shows that the bulk grain consists of nanopolycrystalline 
domain structure, where the large number of bright spots in the inset of fig. 5.6 b) corresponds to 
numerous crystallites of different orientations within a single grain.  
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Fig. 5.6 - Transmission electron micrograph of BaGeO3 fresh powder prepared in a one-step process by 
mechanosynthesis at room: milled for 600 minutes at 650rpm, showing (a) a crystalline domain within an 
amorphous matrix, and (b) a grain composed of randomly oriented nanodomains. 
 
5.1.3.3 YIELD 
Figure 5.7 shows the evolution of the amount of crystallised fraction from 300 minutes (5 hours) to 
600 minutes (10 hours) of milling time.  
According to the figure, the amount of crystallised phase increases monotonously with increasing 
milling time: there is an increase from about 40% at 5 hours to 70% after 10 hours of milling. These 
results suggest that a considerable amount of non-reacted precursors still remain after extended 
milling times that are responsible for the amount of non-crystallised phase (about 30% at 10 hours). 
 
 
 
 
 
 
 
 
 
 
Fig. 5.7 – Evolution of the amount of crystallised fraction of BaGeO3 powders milled for different times 
between 300 and 600 minutes (5 and 10 hours), determined from quantitative Rietveld refinement. 
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The existence of residual reactants is confirmed by FT-IR (fig. 5.8) of the fresh powder after 600 
minutes of milling time, showing bands associated with the precursors BaO2, GeO2 and BaCO3. 
The presence of carbonate can be explained by both the BaO2 fresh precursor powder, which 
contains some BaCO3 impurities, as well as possible carbonation of the highly reactive 
mechanosynthesized powder on exposure to air that is especially likely for extremely fine powders 
of high surface areas formed after extended milling times. 
 
Fig. 5.8 – FT-IR spectra of BaGeO3 fresh powders after 600 minutes of milling showing bands associated with 
the precursors: BaO2, GeO2 and BaCO3. 
 
The progression of the reaction between BaO2 and GeO2 yields oxygen as follows: 
 
                    
 
 
    (5.1) 
 
Thermograms of the material after 300 minutes of milling time, fig. 5.9, shows mass losses that are, 
therefore, likely to be related to such residual reactants. The overall mass losses appear to occur in 
several stages, with initial weight losses shown at low temperatures <500ºC that are accompanied 
by broad endotherms. These low temperature features are likely to be associated with the removal 
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of adsorbed moisture, as previously documented in the literature for these materials [12]. A second 
weight loss is noted above 700ºC, following minor endothermic (~630ºC) and exothermic (~650ºC) 
events. Finally a substantial endothermic event is observed at approximately 950ºC without notable 
weight change. To understand the origin of these events, XRD diffraction was performed as a 
function of temperature and is discussed in the next section. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.9 - Thermogravimetry of mechanically activated powders obtained from an initial powder mixture of 
BaO2+GeO2 after milling for 300 minutes at 650rpm. 
 
5.1.3.4 PHASE TRANSITIONS 
XRD patterns of the sample milled for 300 minutes registered as a function of temperature in the 
range 25 - 1000°C are shown in fig. 5.10, plus the corresponding phase compositions calculated by 
quantitative Rietveld refinement of the HT-XRD data presented in fig. 5.11.  
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Fig. 5.10 - Evolution of high-temperature X-ray diffraction patterns of 300 minutes BaGeO3 fresh powders at 
25ºC, 100ºC, 300ºC, 800ºC and 1000ºC. The markers identify the (*) orthorhombic polymorph – -BaGeO3. 
 
Fig. 5.11 - Evolution of the quantities of BaGeO3 polymorphs (monoclinic -BaGeO3 and orthorhombic -
BaGeO3 in blue and black plots, respectively) of the powder milled for 300 minutes as a function of 
temperature as determined by quantitative Rietveld refinement of powder X-ray diffraction data. 
 
From fig. 5.11 it is possible to conclude that, in addition to the orthorhombic  polymorph, the  
polymorph (monoclinic) becomes apparent at 300°C. The apparent absence of any thermal event 
in this region, in the results of fig. 5.9, suggests that the formation of the  polymorph may be due 
to increasing crystallinity of this phase with increasing temperature, rather than that of a phase 
transformation or phase formation. From 300ºC to 700ºC, the weight content of the  phase does 
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not alter significantly, whereupon it increases to ~ 31 wt.% at 800ºC. The increase in the amount of 
the BaGeO3 phase at 800ºC can be attributed to the second weight loss in the thermogravimetric 
experiment of fig.5.7 due to the presence of residual reactants. In this respect, note that the 
reduction of BaO2 to BaO has previously been documented to occur in the temperature range 
523ºC-877ºC,  with the principal endothermic event centred at ~630ºC [23]; a temperature in close 
agreement with the minor endothermic event noted in the thermogravimetric results. The 
immediately following exothermic event (~650ºC) and subsequent weight loss in fig 5.9, likely 
coincide with the formation of BaGeO3 from the residual reactants, as supported by the increase in 
the relative amount of this phase shown in fig. 5.11. At still higher temperatures, complete transition 
of the  polymorph to the  phase is shown to be essentially complete at 1000 °C. Nonetheless, 
this cannot be related to the endothermic event shown between 900ºC and 1000ºC in the 
thermogravimetric results of fig. 5.9 as this phase transformation has previously been reported to 
be exothermic in nature [10,12]. Hence, an alternative suggestion is that this endothermic event 
corresponds to the crystallographic change of the BaCO3 impurity from hexagonal to cubic-type 
structure, as noted in the literature [23]. In this respect, note that this structural change of BaCO3 
occurs before its decomposition.  
The corresponding variations in unit-cell volume for the two polymorphs on heating from 25 to 
1100°C are shown in fig 5.12. The cell volume of the orthorhombic form changes linearly with 
temperature (fig. 5.12a) despite the fact that the phase quantity changes in a stepwise fashion. In 
general, the volume of the monoclinic form also follows a linear dependency; nonetheless the 
discontinuity in the plot (fig. 5.12b) at the highest temperatures may signify some more structural 
complexity or, alternatively, is an artifact of the poor high-temperature refinements. 
 
Fig. 5.12 - Evolution of the unit-cell volume with temperature for: a) orthorhombic and b) monoclinic 
polymorphs of BaGeO3. 
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5.1.4 CONCLUSION 
The high-temperature  form of barium metagermanate was prepared under ambient conditions 
(air, no external heat source) by mechanosynthesis of BaO2 and GeO2. The metastable phase 
forms agglomerates of spherical grains that are composed of randomly oriented nanocrystals within 
an amorphous matrix. The combination of FT-IR, thermogravimetric experiements and XRD 
suggest that the amorphous content is likely to result from unreacted starting product (BaO2, 
BaCO3).  
On heating, the -form is joined by the presence of the monoclinic  phase, with the transition 
being complete upon heating at 1100ºC. Both polymorphs exhibit linear expansion of the lattice 
parameter on heating in the range 25-1100°C.  
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5.2 MECHANICAL PREPARATION OF Ba0.8K0.2GeO3- NANOPOWDERS: A 
NEW OXIDE-ION CONDUCTOR 
5.2.1 INTRODUCTION 
Recently, a new family of superior solid oxide-ion conductors have been studied by Goodenough 
and co-workers [4,5]. These materials are based on the monoclinic doped SrMO3-based oxides (M 
= Si, Ge) and are potential candidates for intermediate temperature-solid oxide fuel cells (IT-
SOFC), showing good ionic conductivity (higher than 10
−2
 S.cm
-1
), at 625ºC (considered an 
intermediate operation temperature for SOFC).  
The introduction of an alkali metal cation at the Sr-site of SrGeO3 causes the introduction of 
terminal-oxygen vacancies on tetrahedral anion complexes ions, which has been reported to 
improve the oxide-ion conductivity [4-6]. Introducing a large K
+
 (1.51 Å) ion on the Sr2+ (1.26 Å) site 
was found to be responsible for the formation of oxygen vacancies in a specific plane at the in-
plane O3 and O5 sites [9]. This phenomenon may occur due to steric hindrance by the large 
Sr
2+
 and K
+
 ions. As a result, a terminal-oxygen vacancy would jump between clusters in a double-
well potential much like a proton in an asymmetric hydrogen bond of an alkaline solution. 
Furthermore, no oxygen interstitials were evident, although debate about the exact conduction 
mechanism still continues [1,4,5,7,8]. 
Substitution of Sr
2+
 for the higher radii Ba
2+
 ions may lead to considerable structural distortions as 
well as providing an increase of the steric hindrance, and, thus, may potential have a considerable 
impact on the oxide-ion conduction. 
In the current work, the effect of K-addition to BaGeO3 materials was studied. Ba1-xKxGeO3-0.5x 
materials were analysed in detail in terms of their structural and transport properties in order to 
assess the effect of K
+
 substitution on the oxide-ion conductivity and to compare the impact of the 
expected larger lattice distortions promoted by Ba in comparison with the known Sr1-xKxGeO3-0.5x 
presented in the literature. Moreover, as both Ba and K are basic elements raising the probability 
for hydration of oxygen vacancies (eq.1.8), the current work also aimed to assess for potential 
proton conductivity in these materials.  
 
       
    
       
  (1.8) 
 
The study was based on the characterization of the material by different techniques: high-
temperature X-ray diffraction (HT-XRD), scanning electron microscopy (SEM) as well as 
impedance spectroscopy. Based on the literature for the Sr-analogue, the solubility limit for K-
additions was found to be 25 mol%. However, Singh et al. [4] highlighted an optimal composition 
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between 15 and 20 mol% which shows the best oxide-ion conductivity results (higher than 10
-2
 
S.cm
-1
 by 700ºC). Thus, the performance of these systems in the current work is preliminarily 
investigated using the fixed composition x = 0.20 
 
5.2.2 PROCESSING METHODOLOGY  
The specific composition selected in this study was Ba0.8K0.2GeO2.9 and was attempted to be 
produced by mechanosynthesis for 5 hours. Stoichiometric amounts of BaO2 (Sigma-Aldrich, 95% 
purity), KO2 (Sigma-Aldrich) and high purity GeO2 (Sigma-Aldrich, ≥99.99% trace metal basis) were 
mixed at 650 rpm.  
Green samples were isostatically pressed at 200 MPa for 30 minutes and heated at 1100ºC for 5 
hours in air. 
The conductivity measurements were performed on sintered pellets using platinum electrodes and 
data was collected on cooling in different flowing dry and wet atmospheres: N2 and O2. The 
electrical properties were also studied as a function of dry oxygen partial pressure (pO2), obtained 
by mixing O2 and N2 gases controlled by digital mass flow controllers. 
The nature of phase transitions and their temperature dependence was studied by high-
temperature X-ray diffraction (HT-XRD), collected with a Bruker D8 Advance DaVinci over the 
range 10° ≤ 2θ ≤ 110° with a step size of 0.05° and measurement time of 1s/step. Diffractograms 
were registered from room temperature to 1200ºC in intervals of 100ºC to 500ºC and intervals of 
50ºC for temperatures between 550 and 1200ºC. 
The microstructure of the surface of polished and thermally etched sintered samples was 
investigated by scanning electron microscopy (SEM) using a Hitachi 4100S instrument. 
 
5.2.3 RESULTS AND DISCUSSION 
5.2.3.1 PHASE FORMATION AND CRYSTAL STRUCTURE 
The powder XRD patterns (fig. 5.13) show that Ba0.8K0.2GeO2.9 is not single phase after typical 
mechanosynthesis conditions, contrary to that obtained for the K-free BaGeO3 in the previous 
section.  
 
 
 
 
CHAPTER 5.   EMERGING MATERIALS: (Ba,Sr)GeO3-BASED ION CONDUCTORS 
  157 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.13 – Powder XRD patterns of K-free and K-doped BaGeO3 (BaGeO3 and Ba0.8K0.2GeO2.9, respectively) 
after mechanosynthesis. The markers identify the (◊) BaGeO3 orthorhombic phase, as well as the precursors: 
(*) GeO2, ( ) BaO2 and (○) KO2. 
 
Chapter 5.1 showed that high energy milling of BaO2 and GeO2 powders can lead to the 
mechanochemical formation of the high-temperature -phase (orthorhombic phase) of BaGeO3. In 
contrast, the introduction of KO2 to this precursor mixture leads to amorphization of the precursors, 
without any clear mechanochemical reaction, fig. 5.14.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.14 - Evolution of powder X-Ray diffraction patterns with milling time (0, 60, 180 and 300 min) for the 
BaO2 + KO2 + GeO2 mixture. The markers identify the precursors: (*) GeO2, ( ) BaO2 and (○) KO2, as well as 
the potential (◊) BaGeO3 orthorhombic phase. 
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Contrary to that noted for BaGeO3 in section 5.1.3.1, further milling times, up to 300 minutes, also 
could not improve on the crystallinity of the XRD reflections or convert the precursor powders to a 
single phase. The final powder is an almost amorphous mixture between the precursors (BaO2, 
GeO2 and KO2) and possibly also the high-temperature -form of BaGeO3 (as shown before, in 
figure 5.13). 
Thus, in order to achieve a pure single phase, a subsequent calcination step was shown to be 
required (fig. 5.15).  
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.15 – Powder high-temperature XRD patterns of Ba0.8K0.2GeO2.9 during the heating, at different 
temperatures (30, 100, 550, 600, 650, 700, 750, 1000 and 1100ºC). 
 
Increasing the temperature leads to the formation of different phases: at 600ºC there is an increase 
in the peaks intensity, appearing a considerable amount of -form BaGeO3 (orthorhombic unit cell) 
– fig. 5.16. 
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Fig. 5.16 – Evolution of powder high-temperature XRD patterns of Ba0.8K0.2GeO2.9 in the heating, at 30ºC and 
600ºC. The markers identify the precursors: (*) GeO2, ( ) BaO2 and (○) KO2, as well as the (◊) BaGeO3 
orthorhombic phase. 
 
However, increasing the temperature to 700ºC, the low-temperature -form of BaGeO3 (monoclinic 
phase) starts appearing at the same time as the -form (orthorhombic phase). Both phases co-
exist until 750ºC, where the orthorhombic phase disappears – fig. 5.17. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.17 – Evolution of powder high-temperature XRD patterns of Ba0.8K0.2GeO2.9 in the heating, at 700ºC, 
750ºC. The markers identify the precursors: (*) GeO2, ( ) BaO2 and (○) KO2, as well as the BaGeO3 (◊) 
orthorhombic and (
▲
) monoclinic phases. 
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Figure 5.18 presents the XRD pattern of Ba0.8K0.2GeO2.9 sintered at 1100ºC for 5 hours, showing a 
single phase based on the  polymorph of BaGeO3 with monoclinic unit cell. 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.18 – XRD patterns of Ba0.8K0.2GeO2.9 sintered at 1100ºC for 5 hours. The markers identify (
▲
) the 
BaGeO3 monoclinic phase. 
 
Rietveld refinement was performed using the FullProf software and the obtained structural 
parameters are shown in table 5.3.  
 
Table 5.3 – Structural parameters of monoclinic K-free and K-doped BaGeO3. 
Compound 
Lattice parameters Cell volume 
Reference 
a (Å) b (Å) c (Å)  V (Å
3
) 
BaGeO3 13.1260 7.5750 11.6200 112.350 1068.70 
This work (last section - 
5.1.3.4) 
Ba0.8K0.2GeO2.9 13.1026 7.6190 11.7007 112.154 1081.84 This work 
Sr0.8K0.2GeO2.9 12.5691(2) 7.2731(1) 11.2803(3) 111.32(1) 960.64 [4] 
 
Comparing the unit cell values between K-free and K-doped BaGeO3, an increase in lattice volume 
was obtained, as expected from the substitution of potassium for barium due to the larger ionic radii 
of K
+
 (1.51 Å) compared to Ba
2+
 (1.42 Å) [9].  
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On comparison with the reported Sr0.8K0.2GeO2.9 material [4], Ba0.8K0.2GeO2.9 shows higher unit cell 
parameters due to the larger ionic radius of Ba
2+
 compared to Sr
2+
 (1.42 and 1.26 Å, respectively) 
[9].  
 
5.2.3.2 MICROSTRUCTURE 
The SEM micrograph of the sintered Ba0.8K0.2GeO2.9 pellet is given in figure 5.19. According to the 
micrograph, the pellet reveals high levels of densification with grains that appear bar-shaped. 
 
 
 
 
 
 
 
 
 
 
Fig. 5.19 – SEM micrograph of the surface of Ba0.8K0.2GeO2.9, sintered at 1100°C for 5 hours. 
 
The observed dense microstructure is in agreement with the calculated geometrical density of the 
samples, which was ~ 88% of the theoretical density of the material.  
 
5.2.3.3 ELECTRICAL MEASUREMENTS 
The conductivity behaviour of the K-doped BaGeO3 samples was assessed by A.C. impedance 
spectroscopy under dry and wet N2 and O2 atmospheres. Such impedance spectra were fitted by a 
series combination of distributed RQ elements, where the fitting parameters extracted for each 
distributed arc are the resistance value, R, the pseudo-capacitance, Q, of the constant phase 
element and the parameter n. These parameters can be related to the true capacitance by the 
equation 5.2 [24]:  
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  (5.2) 
 
Figure 5.20 shows an example of impedance spectra measured at low temperatures (300ºC) in dry 
oxygen atmospheres, confirming the presence of the dominant bulk response at high frequency 
with capacitance values in the 10
-12
 - 10
-11
 F/cm
2
 range. The grain boundary response was shown 
to offer a negligible contribution to the impedance spectra for the whole temperature range. The 
impedance responses were, thus, modelled by the respective equivalent circuit presented in figure 
5.20 across the temperature range, where the total resistance is predominately given by the 
dominant bulk response.  
 
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.20 - Typical impedance spectra and respective equivalent circuit measured at 300°C in dry oxygen 
atmosphere of Ba0.8K0.2GeO2.9, showing the bulk response at higher Z’ frequencies. 
 
The temperature dependencies of the total conductivities for Ba0.8K0.2GeO2.9 are shown in fig. 5.21 
in wet and dry N2 and O2. 
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Fig. 5.21 - Temperature dependence of the total conductivity of system BaK0.2GeO2.9 in wet (pH2O = 3.30x10
-2
 
atm) and dry N2 and O2. 
 
The total conductivity (fig. 5.21) shows a significant “jump” between 700 and 650ºC that will be 
discussed in the later section 5.2.3.4. In addition, the existences of two distinct activation energies 
for conduction are noted, corresponding to the temperature regime above 700ºC (~ 0.82 eV) and to 
temperatures below 650ºC (~ 1.49 eV), either side of the conductivity jump. Moreover, the total 
conductivities are effectively equal and independent by the atmosphere that is used (N2 or O2 in dry 
or wet conditions). The lack of a pH2O dependence of conductivity negates proton conduction in 
these materials. 
Meanwhile, the independence of conductivity on partial pressure of oxygen (pO2) is a key indicator 
of typical oxide-ion conductors. Figure 5.22 shows the dependence of pO2 in a temperature range 
of 700 to 500ºC.  
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Fig. 5.22 - Temperature dependence of B0.8K0.2GeO2.9 vs pO2 under dry condition at various temperatures 
(700ºC to 500ºC). 
 
The total conductivity of Ba0.8K0.2GeO2.9 is shown not to depend on the partial pressure of oxygen 
(pO2) – fig. 5.22, reinforcing the suggestion that this material may be a pure oxide-ion conductor, in 
agreement with that previously reported for the Sr-analogue [1,4,5]. 
Figure 5.23 compares the conductivity values for Ba0.8K0.2GeO2.9 and that reported for 
Sr0.8K0.2GeO2.9 [4].  
 
Fig. 5.23 – Comparison between O
2-
 conductivity of Ba0.8K0.2GeO2.9 and reported of Sr0.8K0.2GeO2.9 [4], at 
different temperatures (650, 700, 750 and 800ºC). 
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From figure 5.23 it is possible to conclude that, in the higher temperature range 700ºC ≤ T ≤ 800ºC, 
Ba0.8K0.2GeO2.9 system shows similar conductivity values as the reported Sr0.8K0.2GeO2.9 system, 
offering a competitive oxide-ion conductivities as an alternative candidate electrolytes for an IT-
SOFC. At lower temperatures the conductivity of the Ba-composition is shown to be inferior to the 
reported conductivities of the Sr-analogue, due to the observed conductivity “jump” for the Ba-
composition between high and low temperature regimes, fig 5.21.   
 
5.2.3.4 PHASE TRANSITIONS AND STRUCTURAL CHANGES 
Structural changes may justify the “jump” in the total conductivity (denoted on figure 5.21). Thus, in 
order to understand possible phase transitions, high-temperature X-ray diffraction was performed 
as a function of temperature, upon cooling (fig. 5.24).  
 
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.24 – Powder high-temperature XRD patterns of Ba0.8K0.2GeO2.9 during the cooling, at different 
temperatures (1100, 1000, 900, 750, 600, 500, 300, 100 and 30ºC). 
 
Nonetheless, the XRD patterns recorded during cooling do not show any observable phase 
transformations. To emphasise this point the XRD patterns bridging the conductivity “jump” are 
replotted in figure 5.25 at a larger scale. The absence of notable structural changes on heating 
(previously presented on section 5.2.3.1 – fig. 5.15), measured by XRD, suggests that changes in 
the cation lattice cannot explain the observed jump in conductivity.  On the other hand, a recent 
study of the Sr-analogue by neutron diffraction showed a variation in the oxygen vacancy 
distribution as the temperature increased [5]. It is, therefore, plausible that a structural change in 
the anion lattice may occur on heating that is not characterised by XRD. Thus, alternative 
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experimental techniques must be suggested to characterise the conductivity jump that are sensitive 
to the lighter atoms, such as neutron diffraction or Raman spectroscopy.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.25 – Evolution of powder high-temperature XRD patterns of Ba0.8K0.2GeO2.9 in the cooling, at 750ºC, 
700ºC and 500ºC. The markers identify (
▲
) the BaGeO3 monoclinic phases. 
 
In the future, additional tests should be done in order to confirm this assumption. As a preliminary 
investigation, thermogravimetric analysis has been performed (fig. 5.26). 
 
Fig. 5.26 – TGA plot for Ba0.8K0.2GeO2.9 obtained in oxygen with a heating rate of 2ºC/min. Inset image shows 
the TGA plot reported by Martinez-Coronado et al. [5] for Sr0.8K0.2Ge2.9 obtained in air with a heating rate of 
2ºC/min. 
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Figure 5.26 shows the thermogravimetric behaviour of Ba0.8K0.2GeO2.9 powders formed in the 
current work upon heating in O2 atmosphere. According to Martinez-Coronado et al. [5] the 
pronounced weight change presented during heating to 150 - 200ºC can be attributed to the loss of 
water, while, the further weight loss of ~ 2% above 200ºC suggests the loss of oxygen. The loss of 
water is in agreement with the hydration of similar materials noted by Singh et al. [8], who 
suggested that presence of oxide ion vacancies in the lattice act as centers for water absorption. 
Similar thermogravimetric behaviour was detected by Martinez-Coronado and his group [5] for the 
Sr based analogue, as shown in the inset image of figure 5.26. 
As no structural changes were noted on the cation lattice on heating by XRD (figures 5.24 and 
5.25), the observed loss of oxygen may impact only the anion lattice. This concept would agree 
with the variation in the oxygen vacancy distribution noted in these materials as a function of 
temperature by neutron diffraction [5]. This change in oxygen content and possible vacancy order 
on the oxygen sublattice, possibly could explain the noted conductivity “jumps”. 
 
5.2.4 CONCLUSIONS 
In conclusion, K-doped BaGeO3 materials offer competitive oxide-ion conductivities in the 
intermediate temperature range 700ºC ≤ T ≤ 800ºC that makes them a promising new electrolyte 
material. 
In comparison with more well-known O
2-
 conductors, such as YSZ, Ba0.8K0.2GeO2.9 shows a 
decrease in the densification temperature (from temperatures higher than 1350ºC to 1100ºC) that 
can be an important attraction for the market due to reducing production costs. 
The chemical stability and independence of conductivity on pO2 was confirmed under a wide range 
of oxygen partial pressures between N2 and O2 atmospheres. This behaviour suggests 
predominant ionic conduction that, due to its independence on pH2O, is likely to be oxide-ion 
conducting in nature. 
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5.3 MECHANICAL PREPARTION  OF NANOPOWDERS OF OXIDE-ION 
ELECTROLYTES WITH SrGeO3 STRUCTURE 
5.3.1 INTRODUCTION 
Singh et al. [4] reported a new family of oxide-ion conductors which shows the structure Sr3-
xAxM3O9-0.5x, A = Na or K and M = Si or Ge. The Ge analogue showed better performance in terms 
of O
2-
 conductivity in comparison with the Si analogues. The presence of the acceptor dopants (Na 
or K) was reported to be responsible for the introduction of charge compensating oxygen vacancies 
that are important to promote oxide-ion conductivity [1,4,5,7,8] 
K-additions to SrGeO3-based materials were reported to be possible between 0 and 40 mol%. 
Nonetheless, oxide-ion conductivity higher than 10
-2
 S.cm
-1
 by 700ºC was reached only in the 
range 0 to 25 mol%. Two different activation energies for oxide-ion conduction were observed in 
low- and high-temperature regions [4]. In order to understand this behaviour and to compare 
results with the previous Ba0.8K0.2GeO3-composition, Sr1-xKxGeO3-0.5x materials, where x = 0.20, 
will form the basis of the present work, where the structural and conductivity properties of this 
material will be reported. Again, preparation of powders will be attempted by mechanochemical 
reaction (mechanosynthesis) of stoichiometric quantities of SrO2, K2CO3 and GeO2. Note all 
previous work on this new family of oxide-ion conductors has been performed on materials 
prepared by standard solid state reaction routes [4,5,7]. A wide range of techniques were used for 
a complete characterization of Sr0.8K0.2GeO2.9 (x = 0 and 0.20) materials, such as: X-ray diffraction, 
scanning electron microscopy, thermogravimetric analysis as well as Raman and impedance 
spectroscopies. 
 
5.3.2 PROCESSING METHODOLOGY  
Powders of Sr0.8K0.2GeO2.9 were produced by the mixing of stoichiometric quantities of SrO2 
(Sigma-Aldrich, 98% purity) and high purity GeO2 (Sigma-Aldrich, ≥99.99% trace metal basis). The 
synthesis was attempted based on a mechanochemical reaction (mechanosynthesis) for 5 hours at 
650 rpm. 
The green pellet samples were obtained after pressing isostatically at 200 MPa for 30 minutes, 
while sintered pellets were obtained from these green composites by firing at 1100ºC for 5 hours in 
air.  
The progression of the reaction was monitored by X-ray diffraction (XRD) analysis of powder 
samples collected at regular time periods. 
To characterize the electrical properties, measurements were performed on sintered pellets with 
platinum electrodes and data were collected on cooling in flowing N2 and O2 atmospheres in dry 
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and wet conditions. Additionally, these properties were also studied as a function of dry oxygen 
partial pressure (pO2), obtained by mixing O2 and N2 gases. 
Structural analysis was performed by scanning electron microscopy (SEM) on the surface of 
polished and thermally etched sintered samples, using a Hitachi 4100S instrument. 
 
5.3.3 RESULTS AND DISCUSSION 
5.3.3.1 PHASE FORMATION AND CRYSTAL STRUCTURE 
The powder XRD patterns (fig. 5.27) show that Sr0.8K0.2GeO2.9 is not single phase after mechanical 
milling, contrary to what observed for the K-free SrGeO3 material.  
 
 
 
 
 
 
 
 
 
 
 
Fig. 5.27 – Powder XRD patterns of K-free SrGeO3 and Sr0.8K0.2GeO2.9 after mechanosynthesis. The markers 
identify: (◊) SrGeO3 orthorhombic phase, (
▲
) SrGeO3 monoclinic phase, (*) K2CO3, (●) GeO2 and ( ) SrO2. 
 
The substitution of K
+
 on the Sr
2+
 site of SrGeO3 leads to traces of the low-temperature monoclinic 
SrGeO3 phase in addition to that of the high-temperature orthorhombic form, fig. 5.27. On contrary, 
K-free SrGeO3 powders produced by mechanosynthesis shows a single phase based on the high-
temperature orthorhombic form. Nonetheless, the background of the XRD patterns of fig. 5.27 is 
non-linear, suggesting that room temperature mechanosynthesis may not have achieved complete 
conversion, with quantities of reactants (as SrO2, GeO2 and K2CO3) possibly present as amorphous 
impurities.  
Figure 5.28 presents the XRD pattern of Sr0.8K0.2GeO2.9 sintered at 110ºC from the 
mechanosynthesized powders. A highly crystalline single phase of Sr0.8K0.2GeO2.9 can be observed 
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with monoclinic unit cell, space group C12/c1 (space group number 15), in agreement with the 
literature [4]. 
 
 
 
 
 
 
 
 
 
 
Fig. 5.28 – XRD patterns of sintered Sr0.8K0.2GeO2.9 at 1100ºC for 5 hours. The markers identify the SrGeO3 
monoclinic phase (
▲
). 
 
Rietveld refinement was performed using the FullProf software. Table 5.4 shows the comparison of 
structural parameters obtained from the Rietveld refinement of the XRD measurements at room 
temperature of (Ba,Sr)GeO3-based materials. In agreement with the larger ionic radius of Ba
2+
 
(1.42 Å) compared to Sr2+ (1.26 Å), the unit cell parameters are shown to decrease by the change 
of Ba
2+
 to Sr
2+
 in the preparation of these materials. The current cell parameters are shown to be 
consistent with that of the literature [4]. 
 
Table 5.4 – Structural parameters of K-doped (Ba,Sr)GeO3. 
Compound 
Lattice parameters
Cell 
volume 
Reference 
a (Å) b (Å) c (Å)  V (Å
3
) 
Ba0.8K0.2GeO2.9 13.1026 7.6190 11.7007 112.154 1081.84 
This work (last section – 
5.2.3.1) 
Sr0.8K0.2GeO2.9 12.4319(2) 7.2313(0) 11.2801(0) 111.19(3) 945.49 This work 
Sr0.8K0.2GeO2.9 12.5691(2) 7.2731(1) 11.2803(3) 111.32(1) 960.64 [4] 
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5.3.3.2 MICROSTRUCTURE 
The scanning electron microscopy (SEM) study reveals that the pellets are well-sintered and that 
the grains are in intimate contact with each other (fig. 5.29). 
 
 
 
 
 
 
 
 
 
 
Fig. 5.29 - Scanning electron micrograph (SEM) from the surface of a dense bulk sample of Sr0.8K0.2GeO2.9, 
sintered at 1100°C for 5 hours. 
 
The density of the pellets measured by geometrical analysis was about 90% of the theoretical 
density of the material.  
 
5.3.3.3 ELECTRICAL MEASUREMENTS 
Figure 5.30 shows an example of A.C. impedance spectra measured at 400ºC in dry oxygen 
atmosphere. Similar to that described previously for the Ba analogue (section 5.2.3.3),  the grain 
boundary response is unresolvable and the bulk response is shown to be dominant across the 
temperature range. This type of impedance response was, thus, modelled by the equivalent circuit 
presented in the figure. The total conductivity was taken to be effectively equal to the dominant bulk 
response. 
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Fig. 5.30 - Typical impedance spectra and respective equivalent circuit measured at 300°C in dry oxygen 
atmosphere of Sr0.8K0.2GeO2.9, showing the bulk response at higher Z’ frequencies. 
 
An Arrhenius plot (log total vs 1000/T) for Sr0.8K0.2GeO2.9 is shown in fig. 5.31. Two different 
activation energies can be clearly seen for the low-temperature, i.e. ≤ 600ºC, and high-temperature 
regions, i.e. ≥ 650ºC: 1.09 and 0.85 eV, respectively. As noted in the Ba-analogue, the total 
conductivities are similar and independent by the atmosphere that is used (N2 or O2 in dry or wet 
conditions) and a “jump” in the conductivity can also be observed, occurring between 600ºC and 
650ºC. Note that this jump is at a slightly lower temperature than recorded for the Ba-analogue in 
fig 5.21 (between 650ºC and 700ºC). These results suggest that these materials do not offer 
protonic conduction in these conditions and that the conductivity is likely to be oxide-ion conducting 
in nature, in agreement to that described by Wei et al. [1]. 
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Fig. 5.31 - Temperature dependence of the total conductivity of Sr0.8K0.2GeO2.9, under dry and wet (pH2O = 
3.30x10
-2
 atm) N2 and O2 atmospheres. 
 
The presence of oxide-ion conduction is reinforced by the independence of conductivity over a 
wide range of pO2, shown by Figure 5.32 in the temperature range of 700 to 500ºC.  
 
Fig. 5.32 - Temperature dependence of Sr0.8K0.2GeO2.9 vs pO2 under dry condition at various temperatures 
(700 to 500ºC). 
 
Figure 5.33 shows the oxide-ion conductivities values for Sr0.8K0.2GeO2.9 prepared by two different 
routes: mechanosynthesis followed by a sintered step at 1100ºC for 5 hours (current work) and the 
reported work by Singh et al. [4] where the sample was prepared by a solid state reaction followed 
by a densification at 1100ºC for 15 hours. 
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Fig. 5.33 – O
2-
 conductivity (total) of Sr0.8K0.2GeO2.9, and reported of Sr0.8K0.2GeO2.9 [4], at different 
temperatures (650, 700, 750 and 800ºC). 
 
From figure 5.33 it is possible to conclude that, at intermediate temperatures, both systems shows 
similar activation energies: K-doped SrGeO3 material prepared by mechanosynthesis is 0.80 eVin 
the (temperature range of 650ºC - 800ºC; in the case of Sr0.8K0.2GeO2.9 powder prepared by solid 
state reaction [4] Ea = 0.86 eV between 600ºC and 750ºC. Additionally, it can be concluded that at 
high temperatures, i.e. 800ºC, the total conductivity is in agreement with the literature. However, at 
temperatures lower than 750ºC a significantly difference in conductivity is shown between the 
current date and that of the literature. Moreover, in the literature data a jump in conductivity is not 
observed. In the previous section 5.2.3.4, for the Ba-analogue, it was suggested that the “jump” in 
conductivity may be due to structural variations on the anion sublattice. In this respect a recent 
article by Martinez-Coronado et al. [5] performed thermogravimetric analysis on the composition 
Sr0.8K0.2GeO2.9 (inset image of figure 5.34) revealed considerable weight loss in heating above 
200ºC. The authors attributed this weight loss to the loss of oxygen. Figure 5.34 shows the 
thermogravimetric behaviour of Sr0.8K0.2GeO2.9 powders formed in the current work upon heating in 
O2 atmosphere. The figure reveals that, similar to the work of Singh et al. [8], the continuous weight 
loss above 200ºC suggests the loss of oxygen. As no structural changes were noted on the cation 
lattice on heating for the isostructural material Ba0.8K0.2GeO2.9 by XRD (section 5.2.3.4), the 
observed loss of oxygen may again be suggested to impact only the anion lattice in the current 
case. This concept would agree with the variation in the oxygen vacancy distribution noted in these 
materials as a function of temperature by neutron diffraction [5]. This change in oxygen content and 
possible vacancy order on the oxygen sublattice, possibly could explain the noted conductivity 
“jumps” in the current work.   
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Fig. 5.34 – TGA plot for Sr0.8K0.2GeO2.9 obtained in oxygen with a heating rate of 2ºC/min. Inset image shows 
the TGA plot reported by Martinez-Coronado et al. [5] for Sr0.8K0.2Ge2.9. 
 
On reference to the work of Singh et al. [4] their conductivity measurements were performed on 
samples pressed at a very high pressure (5 GPa) in comparison to the current measurements that 
were performed on samples pressed at only 200 MPa. The density of the ceramics tested may, 
therefore, be substantially higher than 90% in the work of Singh et al. [4] although this data, 
unfortunately, is not provided. Moreover, very high pressures have also been reported to cause 
phase changes in SrGeO3 materials, even being reported to yield the cubic perovskite structure 
upon pressurized sintering at 5 GPa [25]. Thus, the reason that the jumps are not observed in the 
work by Singh et al. [4] may be kinetic in nature, with oxygen exchange being slow in their highly 
dense samples pressed at 5 GPa or that the very high pressure used has led to residual stresses 
preventing or altering structural changes on the oxygen sublattice. In the current work each 
impedance measurement at any temperature is recorded after a dwell time of 3 hours with a 
second impedance measurement performed to ensure the attainment of equilibrium after a further 
1 hour. Moreover, these data are measured on pellets with levels of density reaching only ~90% 
that of the theoretical. It is unclear from the available literature if the conductivity results of Singh 
and co-workers [4] measured on potentially denser samples were obtained under conditions of 
equilibrium with respect to the oxygen sublattice. This feature must, therefore, be studied further. 
Finally, it is important to conclude that Sr0.8K0.2GeO2.9 system produced by mechanosynthesis offer 
competitive oxide-ion conductivities in the temperature range 700ºC to 800ºC making it an 
alternative candidate electrolytes for an IT-SOFC.  
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5.3.4 CONCLUSIONS 
In summary, it is concluded that Sr0.8K0.2GeO2.9 is a superior oxide-ion conductor well suited for IT-
SOFCs. It has shown high levels of O
2-
 conductivity in the temperature range between 700 and 
800ºC as well as high chemical stability and purity oxide-ion conduction, which was confirmed by 
the dependence of ionic conductivity on pO2. 
Moreover, the combination of mechanical activation and calcination was shown to be a competitive 
synthesis technique to produce nanopowders of Sr1-xKxGeO3-0.5x materials with relatively high 
densification levels ~ 90%). 
Considering its competitive costs in synthesis due to the lower required sintering temperatures 
(1100ºC) Sr1-xKxGeO3-0.5x has great potential to become a new class of technologically and 
strategically important electrolytes for commercial IT-SOFCs. 
To conclude there is a new family of oxide-ion conductors based on K-doped SrGeO3 materials 
whose low densification temperatures and the attractive oxide-ion conductivity in the operation 
range between 700 and 800ºC, make to these materials attractive candidate electrolytes for 
intermediate temperature solid oxide fuel cells (IT-SOFC). Nonetheless, further work is necessary 
to assess the presence of a conductivity jump around 650ºC, requiring analytical technique that will 
reveal possible structural changes on the anion sublattice, for example, Raman Spectroscopy, or 
Neutron diffraction amongst others. 
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CHAPTER 6.   FINAL CONSIDERATIONS AND FUTURE WORK 
6.1 FINAL CONSIDERATIONS 
The main objective of this dissertation was the development of novel ionic conducting ceramic 
materials to use in the electrolyte for either proton ceramic or solid oxide fuel cells (PCFCs and 
SOFCs, respectively). The research aimed to develop new materials with superior properties, 
namely on transport characteristics and chemical stability, by manipulation of processing. 
 
The main challenges in the development of a solid electrolyte for PCFC are high proton 
conductivity and good chemical stability as shown by perovskite-type oxides. BaZrO3 doped with 
15 mol% of Y (BZY) has been presented as being one of the most attractive materials, filling both 
requirements: superior stabilities in steam or CO2 containing atmospheres as well as competitive 
proton conduction. Nevertheless, challenges surrounding the use of barium zirconate materials 
centre on: (i) decreasing the sintering temperature in order to achieve full density and (ii) improving 
the grain boundary conductivity. In order to improve the sinterability of these materials, various co-
dopants and sintering aids were studied, such as zinc, phosphorous and boron. 
Introduction of ZnO into the lattice of barium zirconates promotes densification to ~ 35%, producing 
highly dense materials compared to the un-doped material, lowering the sintering temperature 
(from 1600ºC to 1300ºC). Different Zn-addition mechanisms do not show differences in terms of 
crystallographic phase, forming a single cubic perovskite structure for all compositions. However, 
their resultant microstructure is noted to show significant alterations. The different mechanisms 
lead to different grain growth, since the potential formation of Ba-deficiency in mechanism b) is 
shown to have a seriously negative impact on grain size. For all mechanisms, chemical analysis 
suggests an accumulation of Zn at the grain boundaries that is suggested to be responsible for 
higher specific grain boundary conductivities and associated activation energies than in Zn-free 
BZY. At high temperatures, >600ºC, the conductivity of these materials is shown to be 
predominantly protonic in nitrogen atmospheres, whilst is p-type electronic under oxygen and is 
lowest for mechanism b). The significant reduction in sintering temperature (from ~ 1600ºC  to 
1300ºC) and the high levels of densification render Zn-doped BZY samples good candidates as 
proton conductors for sensors, catalytic membranes and fuel cells. However, mechanisms a) and 
c) can be suggested to be the preferential mechanisms for Zn addition, when working at elevated 
temperatures. 
BZY is shown to react with P2O5 additions forming the highly stable Ba3(PO4)2 phase at 
temperatures as low as 600°C. As a result of removal of Ba from the perovskite lattice, the 
perovskite lattice parameter decreases with increasing P2O5 additions and grain growth is noted to 
be seriously impaired. For intermediate concentrations of P2O5 (4 - 8 mol%), densification of BZY is 
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improved and the temperature of maximum densification rate is lowered. However, reaction with P 
dramatically decreases both bulk and grain boundary conductivities. The biggest depletion is for 
the grain–boundary behaviour, which is found to occur due to the formation of isolating glassy 
phases that coat the BZY grains. 
The effects of B-additions on the sintering behaviour of un-doped and Y-doped BaZrO3 were 
reported in chapter 4. A new doping approach, which uses solvents to introduce the additives, was 
studied. This method allows highly homogeneous levels of boron to be obtained in the samples. 
Solvent selection is critical once water-based solutions would be desirable not only for 
environmental reasons, but also to reduce cost. Despite this interest in aqueous solvents, ethanol 
is shown to offer the best sintering results for BZY, while water was shown to impede densification. 
The choice of ethanol, therefore, enables the introduction of additives by the solution doping 
method. 
The densification behaviour of H3BO3 added BaZrO3 (BZO) shows boron to be a very effective 
sintering aid (~ 97% of the theoretical density at 1250ºC), whereas, in contrast, the densification 
behaviour of BaZr0.85Y0.15O3- (BZY) shows low levels of densification compared with un-doped 
BZY. The higher levels of densification of BZO are found to occur at 1500ºC due to the formation of 
secondary phases, namely BaB2O4 (melting temperature phase of 942ºC) and subsequently 
BaZr(BO3)2 (melting point of 1320ºC). Conversely, the low levels of B-modified BZY densification 
can be explained by the high melting temperature phases of segregated products (Ba3B2O6, m.p. = 
1383ºC) which are also responsible for a substantial decrease not only in perovskite lattice 
parameter but also in the grain growth. The associated segregation of Y2O3 may also hinder 
densification due to a reduction in the number of oxygen vacancies.  
 
The emerging materials (Ba,Sr)GeO3 doped with K were studied for a detailed characterization of 
the role of the ionic radius in divalent cations on crystallographic structure, compositional 
homogeneity and oxide-ion transport. 
Room temperature mechanosynthesis is shown to be an effective synthesis method for the 
preparation of the high-temperature  form of barium metagermanate. Although, on heating, the -
form partially transforms to the monoclinic  phase, with the transition being complete at 1000ºC. 
Both polymorphs exhibit linear lattice parameter expansion on heating in the range 25-1000 °C. 
The  polymorph is once more reformed on heating above 1100 °C.  
Despite the ability to form Ba and Sr germanates by mechanosynthesis, K-doped BaGeO3 and 
SrGeO3 are unable to be produced by this route, with high energy milling only producing 
amorphization of precursors. However, pure powders of these materials could be formed upon 
calcination of these mechanically activated powders above 700ºC. These materials offer high 
chemical stability and purity for oxide-ion conduction as well competitive O
2-
 conductivities in the 
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intermediate temperature range 700ºC ≤ T ≤ 800ºC, which makes them a potential new material for 
O
2-
 conductivity applications. Compared with the well-known electrolytes used in SOFCs, such as 
YSZ, (Ba,Sr)1-xKxGeO3-0.5x (x = 0.20) materials could be densified at much lower temperatures 
(1100ºC), potentially reducing production costs and being attractive for the market. The chemical 
stability and independence of conductivity on pO2 is confirmed for these materials under a wide 
range of oxygen partial pressures between N2 and O2 atmospheres. This behaviour suggests 
predominant ionic conduction that, due to its independence on pH2O, is likely to be oxide-ion 
conducting in nature. Nonetheless, a conductivity jump is shown in these materials upon increasing 
temperature around 600ºC-700ºC. This jump is shown to not be related to the cation sublattice, 
while thermogravimetric measurements alternatively suggest that this feature is due to loss of 
oxygen upon heating and alterations to the anion lattice. 
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6.2 FUTURE WORK 
This section outlines strategies and future work that may provide several improvements in 
sinterability and proton conductivity of perovskite-type proton conductors, focusing on the principal 
work of the thesis, that of BaZrO3-based materials.  
 
The influence of ZnO on the chemical stability of yttrium-doped barium zirconate was investigated 
in this work. According to the electrical conductivity measurements, Zn-modified samples show a 
stable behaviour under oxidizing conditions under the operation temperatures. However, the 
stability of zinc in reducing operating conditions was brought under question with distinct 
microstructural damage produced under reducing conditions. 
On consultation of suitable thermodynamic tables (Ellingham diagram), it was concluded that the 
most common transition metal element sintering additives (Cu, Co, Ni and Zn) can be susceptible 
to reduction under normal conditions of operation. According to this hypothesis, the stability of 
many of these additives under reducing operating conditions remains to be tested and more stable 
alternatives to promote densification are still needed. In this respect, there are many studies on the 
proton conductivity of barium zirconate-based materials in which the B-site is modified. However, 
studies on the modification of the A-site are rather limited. 
Ba-loss is a common problem when one tries to densify BaZr1-xYxO3- materials due to the 
requirement of very high sintering temperatures. As discussed in this thesis, some authors have 
attempted to link such Ba-loss with poor total conductivity values in these materials, while 
alternative explanations have been based on poor homogeneity and separation of the perovskite 
into two distinct phases. One should note that these two concepts may be linked. 
Yamazaki et al. [1] reported the impact of a precisely controlled level of barium deficiency in 20 
mol% yttrium-doped barium zirconate (Ba1-xZr0.8Y0.2O3-), on the proton conductivity and phase 
purity. It was demonstrated that the perovskite phase is tolerant to Ba-deficiency up to x = 0.06 and 
it was suggested that this non-stoichiometry was accommodated by cationic crossover and 
incorporation of yttrium on the A-site, although no concrete proof was provided. At higher values of 
x, a two phase system was observed with the appearance of yttria as a secondary phase. 
On the other hand, studies of Ba-deficiency in 15 mol% yttrium-doped BaZrO3 (Ba1-xZr0.85Y0.15O3-) 
performed in our group, have highlighted a more complex behaviour with anomalous evolutions of 
lattice parameter and conductivity with increasing x in the single phase region, with inflections at 
the composition 0.02. With respect to the conductivity, this feature can be noted for both bulk and 
total conductivities which are shown to decrease after the point of inflection. Grain size 
measurements also have indicated anomalous progression with Ba-deficiency. Rapid decreases in 
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grain size are noted until composition x = 0.02, followed by a small and relatively constant grain 
size for further Ba-deficiencies. 
Our analogy is that the single phase perovskite region may actually be very limited, i.e. only up to x 
= 0.02. Immediately, beyond this region one enters the perovskite + Y2O3 two phase region, which 
only becomes observable under the resolution of XRD at x > 0.06. At values of 0.02 < x < 0.08 this 
two phase region manifests itself either as an enrichment of the grain boundary with Y2O3 or as a 
non-uniform grain composition with Y2O3 segregation. Note in both of these cases the loss of the 
acceptor dopant yttrium would be predicted to impair oxygen vacancy concentration and, hence, 
proton conductivity. Thus, further more detailed analysis must be performed with more sensitive 
techniques such as TEM in order to confirm the above information. If our analogy is correct and 
Y2O3 is immediately expelled from the lattice on Ba-loss, its presence in the grain boundary may 
explain the limited grain growth and negative impacts on observed conductivity. This analogy would 
also correspond well with recent theoretical results of Han et al. [2] that suggest that yttrium is 
actually too small to crossover to the A-site in BZY (at least in any substantial concentration). 
Dudek et al. [3] studied the system (Ba1-yCay)(Zr0.9Y0.1)O3, where calcium substitutes for barium. 
They showed a higher total conductivity for composition y = 0.05, although, no morphological 
information or attempts to separate the conductivity into bulk/grain boundary contributions were 
presented. A similar concept was offered by Bućko et al. [4] who studied the structural and 
electrical properties of (Ba1-xSrx)(Zr0.9M0.1)O3, M = Y, La solid solutions.  Interestingly, these authors 
also reported that the composition containing 5 mol% of strontium, offered the highest total 
conductivity and the lowest activation energy for the yttria system. Nonetheless, once again, only 
total conductivity values were reported, with no attempts to separate the conductivity into bulk/grain 
contributions.  
In our opinion, the results of Dudek et al. [3] and Bućko et al. [4] can possibly be related to the 
reduced average A-site ionic radius, due to Ca or Sr doping, which would facilitate yttrium 
crossover to the A-site. Such enhancement of yttrium crossover would prevent Y2O3 segregation 
(caused by Ba-loss occurring during sintering) which would otherwise produce negative impacts on 
grain growth and conductivity.  
In order to understand the described mechanisms, we have starting to study the impact of Ba-
deficiency on grain growth and proton conductivity in a system containing 5mol% of Sr doped on 
the A-site, Ba0.95-xSr0.05Zr0.85Y0.15O3-, where x = 0, 0.02, 0.04, 0.6, 0.08 and 0.10. Preliminary 
results suggest that this concept can offer positive effects on grain growth. Large grains are formed 
across the series, even for high Ba-deficiencies. Nonetheless, analysis of the XRD patterns 
highlights the following phase progression. Formation of a pure perovskite at x = 0, is followed 
immediately by a two phase region of the perovskite with slight traces of Y2O3, then a phase region 
of the perovskite with slightly misshapen main peaks (possibly due to a second perovskite phase of 
higher lattice parameter) then reversion back to a pure perovskite phase at x = 0.10. The 
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corresponding lattice parameters firstly decrease and then increase with increasing x. This 
inflection has the opposite direction to that noted in the Sr-free system. Grain growth is also 
dramatically altered going through a minimum at intermediate values of x, and then reverting back 
to large at the highest Ba-deficiency x = 0.1.  
The obtained results are very interesting. The radical changes in physical behaviour between Sr-
free and Sr-containing systems can be expected to have significant impact on their electrical 
behaviour. To reinforce our analogy, more information must be gathered.  It is important to analyse 
the uniformity of grain composition as well as to assess possible grain boundary enrichment by 
yttrium in these materials. A detailed TEM/EDS analysis could be a good started technique to 
achieve this goal. Additionally, a detailed structural analysis, performed by Rietveld refinements of 
XRD results, and conductivity measurements should also be done.  
We hypothesise that the small Sr content may succeed to prevent Y2O3 expulsion and/or 
segregation at the grain boundaries, due to facilitating preferential crossover to the A-site. In this 
way grain growth and high levels of conductivity can be maintained, in compositions with high Ba-
deficiency. Such a result would be highly beneficial for those aiming to use these materials as 
electrolytes in electrochemical devices, as the negative effects of Ba-loss during sintering could be 
avoided. 
 
K-doped (Ba,Sr)GeO3- materials was reported as a new family of oxide-ion conductors due to their 
improved chemical stability and purity for oxide-ion conduction as well competitive O
2-
 
conductivities in the intermediate temperature range 700ºC ≤ T ≤ 800ºC. Additionally, comparing 
with the well-known electrolytes used in SOFCs, such as YSZ, these materials show a decrease in 
the densification temperature (from ≥ 1350ºC to 1100ºC) which will lead to a reduction in the 
production costs. 
However, both Ba- and Sr-based materials have shown a significant “jump” in the the total 
conductivity between 700-650ºC and 650-600ºC, respectively, which was studied by high-
temperature X-ray diffraction. According to the reported results, it is expected that this “jump” 
occurred due to possible structural changes and/or phase transitions between the monoclinic to the 
orthorhombic structures (low-temperature -form ↔ high-temperature -form of AGeO3, A = Ba or 
Sr). Nevertheless additional work should be done in the future to confirm this assumption, such as: 
low speed scan high-temperature XRD, namely during the cooling between 750 and 450ºC, high-
temperature Raman spectroscopy (heating and cooling) and/or thermogravimetric analysis with 
larger dwell times between 750 and 450ºC. 
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